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Abstract

In order to accelerate the electrification of the automotive fleet, the energy density and power
density limitations of commercial Li-ion battery cathodes (layered LiMO 2) must be overcome.
In this thesis, we use ab initio methods to gain critical insights on two important classes of
alternative Li-ion battery cathodes, namely high-capacity Li-excess cation-disordered rocksalts
and high-rate LiFePO 4.

In the first part of this thesis (Chapters 3 and 4), we provide the first voltage-based design rules

for high-capacity cation-disordered rocksalts. We demonstrate that, depending on the transition
metal species, cation disorder can increase or decrease the average voltage of lithium transition

metal oxides, and hence increase or decrease the total energy density of these compounds In
particular, the disordered Ni3 +

14
+ voltage is found to be high (~4.4V), value at which it is likely

to be preceded by oxygen activity. We further investigate the effect of cation-disorder on the
voltage slope of lithium transition metal oxides, which controls the total capacity accessible
below the stability limit of the electrolyte. We demonstrate that cation-disorder increases the

voltage slope by increasing the Li site energy distribution and by enabling Li occupation of

high-voltage tetrahedral sites. We further demonstrate that the voltage slope increase upon
disorder is smaller for high-voltage transition metals, and that short-range ordering and Li-

excess contribute in reducing the inaccessible capacity at high voltage upon disorder.

In the second part of this thesis (Chapter 5), we resolve the apparent paradox between the high

Li diffusivity in phase-separating LiFePO 4 and the persistence of thermodynamically unstable

solid-solution states during (dis)charge at low to moderate C-rates. We demonstrate that, even

under rate conditions such that relaxation to a two-phase state is kinetically possible, the

thermodynamically favorable state in a single particle is not a sharp interface but rather a
diffuse interface with an intermediate solid-solution region that occupies a significant fraction

of the particle volume. Our results not only explain the persistence of solid-solution regions at

low to moderate C-rates in nano-LiFePO 4, but also explain the observations of stable

intermediate solid-solution states at an ac interface in particles quenched from a solid solution.

Thesis Supervisor: Gerbrand Ceder
Title: R. P. Simmons Professor of Materials Science and Engineering
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Introduction

1.1 Motivation

The automotive sector accounts for a large fraction of worldwide CO 2 emissions. In 2005, 15%

of the world's CO 2 emissions were accounted for by the transportation sector.' As a result,

national fuel consumption standards all over the world have become increasingly stringent. In

the United States, CAFE standards ensure that the automotive fleet will have to meet, by 2025,

an average mileage per gallon level of 50 mpg (or 4.1 liters per 100 km).2 The partial or full

electrification of the vehicle fleet is an important strategy towards achieving these fuel

efficiency standards, and the recent years have seen a growth in the production of micro-

hybrid, hybrid, plug-in hybrid and full electric vehicles.

To this day, Li-ion batteries remain the leading battery technology for electric automotive

transport. In order to be competitive with traditional internal combustion engines, Li-ion

batteries must achieve high energy density, high power density, high safety and low cost.

The energy density and power density of the positive electrode (cathode) are important

performance-limiting factors in Li-ion batteries today. While commercial anodes (graphitic

LiC6) achieve high reversible capacities (i.e. charge per mass ration) of 372 mAh/g,3 ,4

traditional layered transition metal oxide cathodes can only reversibly cycle between 170-180

mAh/g.58 Furthermore, power densities in this class of materials is limited to several units of C
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(where nC corresponds to (dis)charge in C / n hours), which make these compounds not

suitable for high rate applications (such as regenerative breaking in micro-hybrid vehicles).

Improving the energy and power density of the active cathode materials is therefore an

important research vector in the field of Li-ion batteries today.

1.2 Overview of Li-ion batteries

(a) (b)

e

C

%%

0
0

00'

%0 
0
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(UCJ

e
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Electrolyte Cathode
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e e
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Anode Electrolyte
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Figure 1-1 Schematic of a Li-ion battery operating (a) during discharge and (b) during charge'

Li-ion batteries function upon the principle of reversible (de)intercalation of Li in crystalline

host structures (Figure 1-1). During discharge (Figure 1-1(a)), Li is transferred from the anode

(where its sits at a high chemical potential), to the cathode (where its sits at a low chemical

potential). During this process, Li+ ions migrate between the two electrodes through the

electrolyte, while electrons flow through the external circuit and produce useful work. During
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charge (Figure 1-1(b)), an external potential difference is applied to the cell to transfer Li from

the cathode (low chemical potential state) to the anode (high chemical potential state), which

effectively reverses the process.

The open circuit voltage of a Li-ion battery, AV"', represents the maximum amount of energy

deliverable during discharge per unit charge transferred. It is equal to the free energy change in

the battery resulting from the exchange of Li from the anode to the cathode and can only be

accessed in the limit of zero rates (during which Li exchange between the electrodes is a

reversible process). The open circuit voltage is a function of the state of charge of the battery

and is given by the difference in Li chemical potential between the anode and the cathode at

each state of charge :

" anode cathode
AVOC W = x) - W Li (W)(1

F

Where x is the state of charge in the battery, p,4 ode is the Li chemical potential in the anode

(J/mol), p4 ithode is the Li chemical potential in the cathode (J/mol) and F is Faraday's constant

(96,5000 C/mol). An example of a voltage profile for a Li-ion battery cell containing a LiCoO 2

cathode and a metallic Li anode is illustrated in Figure 1-2. During discharge, the voltage

decreases with the amount of charge transferred (this is a consequence of free energy

minimization in the cell) while during charge, the voltage increases with the amount of charge

transferred. The average open circuit voltage is defined as the average voltage value over the

equilibrium charge/discharge profile. The average open circuit voltage is an important quantity,

as it is one of the factor controlling the total energy density of the battery. (In this thesis, the

20



terms "average voltage" and "open circuit voltage" will be used interchangeably).

4.5 1 1 1 1 1 -I I I I I I I I I I I

(a)

4.0

- Al 0- coated LICoO~3.5 2 3 2
- - - Bare LiCoO2
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2.5 * * I I i I I i I * I * I * I
0 20 40 60 80 100 120 140 160 180

Capacity (uAh/g)

Figure 1-2 First cycle voltage profile of LiCoO 2 at a rate of 0.1C (charge-discharge in 10
hours)5

The energy density (Wh/l) of a Li-ion battery cell is the maximum amount of work that can be

delivered, per unit volume of the cell. It can be decomposed into the product of three terms: the

average open circuit voltage AV" (V), the charge capacity C (Ah/g) and the volumetric

density p (g/l) of the cell.

Energy Density = AVOc * C * p (2)

The power density (W/l) is equal to the maximal amount of work deliverable per unit time. It is

controlled by several processes in the battery, such as Li+ conductivity in the electrolyte,
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electronic conductivity in the active electrode materials and electronically conducting carbon

network, charge transfer resistance at the cathode/electrolyte and anode/electrolyte interfaces

and Li diffusivity in the electrode materials.

The ideal cathode materials must exhibit high energy and high power density. In addition,

cathode materials must display good cyclability (capacity retention over thousands of

charge/discharge cycles), high safety (retention of oxygen even at high temperatures) and low

cost. To this day, no single cathode material simultaneously meets all these requirements,

rendering the research field of Li-ion battery cathode both challenging and active.

1.3 Layered lithium transition metal oxides

Layered lithium transition metal oxides (LiMO 2) represent the current commercial standard for

high-energy density cathodes in Li-ion batteries. Examples of successfully commercialized

layered oxides include LiCoO 2 (LCO), 5 LiNio.8Coo 15 Alo.o5 (NCA), 6 and LiNixMnyCo-x-yO2

(NMC).7 The layered structure corresponds to a particular cation ordering on the FCC LiMO 2

rocksalt lattice (Figure 1-3). The rocksalt LiMO 2 framework consists in two interpenetrating

cation (Li and M) and anionic (0) FCC sublattices. Li and transition metals are octahedrally

coordinated by oxygen (Figure 1-3(c)). In the layered structure, Li and transition metals

alternately occupy the (111) planes of the FCC cation sublattice
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Figure 1-3 10Ordered and disordered structures on the LiMO 2 rocksalt lattice (a) In the layered
structure, Li and M occupy alternate (111) layers of the FCC cation sublattice (b) In a fully
cation-disordered rocksalt, cations randomly occupy sites of the FCC cation sublattice (c) In
both ordered and disordered compounds, Li and M are octahedrally coordinated by oxygen.

Layered transition metal oxides however have several limitations. Reversible extraction of

lithium from the pristine LiMO 2 limited is currently limited to ~0.6-0.7 Li, out of the one

formula unit of Li that the pristine material contains. As a result, practical accessible capacities

are on the order of 170-190mAh/g,5- 8 with respect to theoretical capacities of ~280 mAh/g.

These limitations are partially caused by phase changes upon delithiation (which lead to

mechanical degradation)," decrease in Li diffusivity upon deep delithiation due to interlayer

shrinking' 2 and instability of transition metal oxides with respect to oxygen evolution in the

charged limit. 3,13 Furthermore, power densities in this class of materials is limited to several

units of C (where nC corresponds to (dis)charge in C / n hours), which make these compounds

not ideal for high rate applications.
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The bulk of the Li-ion battery research cathode today aims at improving the performance of

traditional layered transition metal oxides, through improvement in energy density and/or

power density. In this thesis, we develop critical insights on two important classes of materials

that respectively aim at improving the energy density and power density of layered oxides,

namely high-capacity Li-excess cation-disordered rocksalts and high-rate LiFePO 4 olivine.

1.4 Li-excess cation-disordered rocksalts

(Full or partial) cation disorder is caused by (full or partial) cation mixing between the Li

sublattice and the transition metal sublattice in an initially ordered structure (Figure 1-4).

Depending on the degree of cation-mixing, a structure can be fully ordered (no cation-mixing

between the Li and transition metal sublattice), partially disordered (partial cation-mixing

between the Li and transition metal sublattice) or fully disordered (full cation-mixing between

the Li and transition metal sublattice). In the limit of full disorder, occupancy of Li and

transition metal sites are random and the structure is defined as a fully cation-disordered

rocksalt (Figure 1-3(c) and Figure 1-4(c)). In the remainder of this thesis, the terms "cation-

disordered" and "disordered" will be used interchangeably.

24



(a) (b) (c)
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Figure 1-4 Different levels of cation disorder in LiMO 2 compounds (a) Fully ordered (e.g.

layered) LiMO 2 compound (the layers being the (11) planes of the FCC cation sublattice) (b)

Partially disordered compound (c) Fully disordered rocksalt. The view is shown along the

(11l) planes of the FCC cation sublattice.

Cation disorder has traditionally been avoided in stoichiometric layered transition metal oxides

("stoichiometric" refers to the absence of Li-excess or deficiency, i.e. y=O in Li,+yM,-yO 2), as it

leads to significant decrease in electrochemical performance in this family of compounds. This

is caused by the decrease in Li diffusivity upon cation-mixing. Li diffusion in the layered

structure occurs via the divacancy mechanism.' 2 In its activated state, Li is tetrahedrally

coordinated by oxygen (terahedral site) and experiences electrostatic repulsion with the

transition metal occupying one of the face-sharing octahedral sites. This diffusion pathway is

called the "1-TM channel" (Figure 1-5(a)). Cation-mixing leads to a shrinking of the Li layer,

as the ionic radius of M3
+/4+ is smaller than the ionic radius of Li+. As a result, the height of the

activated tetrahedron decreases, and Li+ experiences a larger electrostatic repulsion with the

high-valent transition metal. This leads to an increase in the activation barrier for Li migration

(Figure 1-5(b), "I-TM" lines illustrated for face-sharing M04+ and Cr3+). In stoichiometric
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lithium transition metal oxides, cation disorder significantly decreases Li diffusivity, and

therefore leads to a degradation of cycling performance. One such example is LiCrO 2, which

has been shown not to cycle beyond the first charge due to the a formation of cation-disordered

phase.14 Conversely, decreasing the level of cation-mixing in stoichiometric lithium transition

metal oxides can lead to significant increases in performance, such as is the case for

LiNio.5Mno.50 2.
8
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Figure 1-5 15 Li diffusion in transition metal oxides (a) Li migration between octahedral sites

occurs via an activated tetrahedral site. In stoichiometric layered LiMO 2, all activated

tetrahedral sites have one face-sharing transition metal neighbor (1-TM diffusion channel). In

cation-disordered rocksalts or in Li-excess compounds, some activated tetrahedral sites have

no transition metal neighbors (0-TM channel) (b) Activation barriers for 1-TM and 0-TM

channels. Only the 0-TM is active upon disorder (c) Percolation treshold for the 0-TM
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diffusion channel as a function of the level of disorder and the Li-excess level (d) Amount of
Li available along the percolation 0-TM pathway, as a function of the degree of disorder and
the Li-excess level.

While partial or full cation disorder is detrimental to the performance of stoichiometric lithium

transition metal oxides, it was recently shown that Li-excess can unlock fast diffusion

pathways in cation-disordered rocksalts (y > 0 in Lil+yM 1.yO 2). This recent discovery has

opened the new and emerging field of high-capacity cation-disordered Li-excess cathode

materials for Li-ion batteries. Figure 1-5 shows how macroscopic diffusion can be achieved in

cation-disordered rocksalts in the presence of Li-excess. In a cation-disordered rocksalt, the

migrating Li+ ions can sit in a variety of local environments. One of these environments is the

"0-TM" environment, in which none of the face-sharing sites contain no high-valent transition

metals. Li+ ions sitting in 0-TM tetrahedral sites experience only a small electrostatic repulsion

with other Li+ ions. As a result, the activation barrier of this pathway is low and largely

insensitive to the tetrahedron height (Figure 1-5(b)). In stoichiometric LiMO 2 , the number of

0-TM tetrahedral sites is however not sufficient to create a percolating, macroscopic diffusion

pathway in a cation-disordered rocksalt. This explains why stoichiometric LiMO 2 experience

significant performance degradation upon cation-mixing, as the 1-TM channel is the only

active diffusion pathway in these compounds. The introduction of Li-excess however, increases

the probability for a given tetrahedral site to be a 0-TM site. Percolation theory shows that a

sufficient amount of Li-excess can lead to percolation of the 0-TM pathway (Figure 1-5(c)).

The percolation treshold depends on the degree of cation disorder in the structure. For fully

disordered rocksalts, the introduction of 25% Li-excess (i.e. Li1 .25Mo.7502 ) leads to percolation

of 1 formula unit of Li in the 0-TM diffusion pathway (Figure 1-5(d)).
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High reversible capacity in Li-excess cation-disordered rocksalt based on 0-TM percolation

theory has been experimentally demonstrated for Li. 21 1 Mo0 .467Cro.30 2 ,15 which was shown to

reversibly cycle one formula unit of Li (~280mAh/g) at C/20 rates. Such high capacities are

not accessible in stoichiometric Li transition metal oxides, as Li diffusivity significantly

degrades at high delithiation levels (high activation barrier of the 1-TM pathway due to the

shrinking of the Li layer upon delithation, as in Figure 1-5(b)). In the recent years, the

emerging field of Li-excess cation-disordered has grown, with the synthesis of several high-

capacity materials such as Li 2VO 3 ,16 Li1 .2Ni/ 3Ti1 /3Mo 2 15O2 17 , Li1.3Nbx(Mn,Fe,Co,Ni) 2-1.3-xO 2 1

8,19 and LilixTi2xFel-3xO2.20

Despite being a promising avenue for high-capacity cathodes, important knowledge gaps

prevent rational design of high-capacity Li-excess cation-disordered rocksalts. One such

knowledge gap is the impact of cation disorder on the voltage profile of lithium transition

metal oxides. Cation disorder can indeed both affect the average (open circuit) intercalation Li

voltage of transition metal oxides, which controls the total energy density, and the (open

circuit) voltage slope, which controls the accessible capacity below the stability limit of the

electrolyte (currently 4.5V-4.7V for organic electrolytes). To this day, little work has been done

on understanding the effect of cation disorder on the voltage profile of litium transition metal

oxides. The only work on this topic was provided by Saubanere et al. 2 1 Using a simplified

voltage model based on chemically intuitive quantities, Saubanere et al argued that the average

voltage of cation-disordered rocksalts must be higher than their ordered homologues. In the
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general Li-ion battery research community, it is also believed that cation disorder should

increase the voltage slope of lithium transition metal oxides, by creating a range of local

environments for Li sites, and hence a larger range of Li chemical potentials in the structure

(Figure 1-6(a)-(b)).1 5

In Chapters 3 and 4 of this thesis, we use first principles methods to understand and quantify

the effect of cation disorder on the voltage profile of lithium transition metal oxides.

(a) (b)

1 Layered 
-Ordered

- Fully Disordered -Disordered
.0.750

'5 0
0.5 >

0

0.25

0 2 4 6 8 10 12

Number of nearest neighbor TM's 0 1

Figure 1-6 (a) Cation disorder creates a spread of local environment around Li sites (b) Cation
disorder is expected to increase the voltage slope of Li transition metal oxides (blue and red
arrows) as well as to modify their average Li intercalation voltage (blue and red dots)

1.5 Surface cation disorder in layered oxides

In addition to being relevant to the field of disordered Li-excess rocksalts, cation disorder is

also becoming an increasingly important phenomenon in the field of layered Li transition metal

oxides. Several layered cathode materials, such as LiNio.8Coo.15 A0.s050 2 22 and Li-excess

LiI+yNiwMnzCop-y-zO2 ,23 form (partially or fully) disordered surface phases upon deep
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delithiation. This process is believed to be triggered by oxygen evolution at the particle surface

24,25 (delithiated lithium transition metal oxides are thermodynamically unstable with respect to

oxygen evolution3" 3), followed by back-diffusion of transition metals (Figure 1-7) . This

densification process leads to the formation of partially or fully disordered surface phases with

a decreased Li-M ratio.17,26-2 8 The thickness of these surface layers can be as high as 10-20 nm.

23,27-2911

Before oxygen loss After oxygen loss
02

02

Li.2-xTM 8  2-xTM

Densified layers
L1i.2-a-xTMO.8+aO2

Figure 1-7 17 Formation of disordered surface layers triggered by oxygen loss (illustrated for

Li. 2MO. 80 2 compound).

Cation disorder in these densified phases is expected to lead to poor Li transport. In order for

Li diffusion to be facile in a partially or fully disordered phase, a sufficient level of Li-excess

must be present, so that the facile 0-TM pathway can percolate through the structure. In layered

LiMO 2 , the Li content at the surface following densification is certain to be below the

percolation treshold, as the pristine material does not contain Li-excess. In the case of layered

Li-excess compounds, the Li-level resulting from densification may or may not sit below the

percolation treshold. It is however certain that a decrease in the Li/M ratio at the surface will
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lead to a decrease in the amount of Li sites accessible via the 0-TM percolation pathway, and

hence a decrease in Li transport.

The measured voltage in a core-shell particle with poor Li surface transport can be strongly

affected by the voltage profile of the surface region. Poor surface Li transport in a core-shell

particle indeed leads to a situation where the surface and the bulk of the particle are not at

thermodynamic equilibrium with each other (when the particle is cycled at finite rates). As a

result, the measured voltage at the electrode scale can be strongly affected by the voltage

profile of the particle surface, where Li insertion/extraction occurs. Understanding the effect of

cation disorder on the voltage profile of transition metal oxides is therefore critical to

understand the voltage evolution of layered lithium transition metal oxides subject to surface

disorder.

1.6 High power LiFePO 4 olivine

LiFePO 4 is an important commercial cathode for high-rate applications and vastly out-performs

layered LiMO 2 oxides in this sector. Furthermore, LiFePO 4 is an intrinsically safe cathode

material, with a high 02 evolution temperature. 30 The low voltage of the Fe2+/3+ redox (3.4 V

vs. Li/Li+)31 , however, leads to a lower energy density then layered transition metal oxides

(-3.8V for LiCoO 2 5) and restricts the applicability of LiFePO 4 to high-rate, low energy

applications. One such important application is regenerative breaking in micro-hybrid vehicles.

The olivine structure of LiFePO 4 can be described as a distorted hexagonal close-packed

(HCP) oxygen lattice with P occupying tetrahedral sites and Fe and Li occupying octahedral
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sites (Figure 1-8(a)).32 Li occupy Ml octahedral sites forming ID chains of edge-sharing

octahedra along the b direction while Fe occupy M2 octahedral sites forming 2d sheets of

corner sharing octahedra in the bc plane32 . Upon intercalation of Li in the FePO4 structure, Li+

intercalates on the Li sites while its associated electron reduces Fe3+ to Fe2+. Li diffusion

occurs via ID migration along the crystallographic b direction (010) (Figure 1-8(b)). 33 -35

(a) (b)

Q Li+

0 0 Fe3+/Fe2+

PO

[010]
b axis

Figure 1-8 33 (a) Crystal structure of LiFePO 4 (b) Li diffusion is dominated by ID diffusion

along the crystallographic b direction (010)33

Capacities as high as 130 mAh/g (out of the theoretical 170 mAh/g) have been achieved at a 50

C rate (where n C corresponds to full (dis)charge in 1 / n hours) in LiFePO 4, and rates as high

as 200 C and 400 C have been achieved by removing kinetic limitations at the electrode level

(Figure 1-9(a)).36-40 These high rates are accessible only when the particle size is reduced to

the nano-scale (~50- 100 nm, Figure 1-9(b)), a limitation that has been attributed to reduced Li

mobility due to channel-blocking anti-site defects that are present in larger particles. 3 ,41' 42
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Figure 1-9 40(a) High-rate performance of LiFePO 4 (b) Particle nano-sizing is required to

reach high performances (-50- 100 nm)

Despite its commercial adoption, the fundamental lithiation mechanisms in LiFePO 4 single

particles are not fully understood and remains an object of debate in the LiFePO 4 literature.

The complication comes from the two-phase nature of LiFePO 4. At thermodynamic

equilibrium, LixFePO 4 phase-separates into a nearly fully-delithiated phase and a nearly fully-

lithiated phase ((LixFePO 4 4 xLiFePO 4 + (1-x)FePO 4)). Early lithiation models of LiFePO 4

single particles predicted lithiation to be initiated by a nucleation event4 34 6 followed by two-

phase growth along the elastically favorable crystallographic bc plane.4 5 , 4 6 However,

overpotentials in practical electrochemical conditions are low and thus unlikely to provide

enough driving force to overcome the nucleation barrier required to form the critical nucleus. 47

(Overpotentials as low as 20mV are sufficient to cycle entire electrodes 48).

A solution to the apparent discrepancy between the high-rate capabilities and the the two-phase

nature of LiFePO 4 was first proposed by Malik et al. 4 7
,
4 9 Using Density Functional Theory
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(DFT), the authors identified a non-equilibrium solid-solution pathway accessible at low

overpotentials (~30mV), which circumvents the kinetically prohibitive nucleation step and

enables homogeneous lithiation at low overpotentials. Since then, with the development of

advanced in situ characterization techniques, the presence of solid-solution states during

electrochemical (de)lithiation has been experimentally demonstrated. Several in situ X-Ray

Diffraction (XRD) experiments have identified lattice parameters intermediate to those of the

equilibrium FePO 4 and LiFePO 4 phases, at (dis)charge rates varying from 0.1 C to 60 C.5 0-5 3

A key mystery that remains to be elucidated, however, is the persistence of solid-solution states

in single particles at low-to-moderate C-rates, (for example, rates in the 0.1 C - 5 C range). Due

to the concave shape of the non-equilibrium solid-solution free energy, homogeneous solid-

solution states are unstable with respect to small inhomogeneities in Li concentration (Figure

1-10). Considering the high diffusivity of Li in LiFePO 4 (D~10 -10~10 cm 2/S, from Density

Functional Theory 34 and muon-spin relaxation 54 respectively), Li diffusion in a 100 nm particle

can occur on time scales as rapid as 1-100 ins, a which is much faster than the typical time

required to lithiate a single particle. In summary, while each particle is expected to initiate

(de)lithation through a non-equilibrium solid solution, it remains surprising that homogeneous

solid-solution states could persist at low-to-moderate C-rates despite their thermodynamic

instability.

a These values were obtained using Fickian scaling t-r2/D, with the theoretical and

experimental values of D provided above.
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Figure 1-10 After initiating lithiation via a non-equilibrium solid solution, LiFePO 4 particles

are expected to rapidly phase-separate (a) Lithiation initiates via the non-equilibrium solid

solution pathway (b) Past the spinodal point, states of uniform concentration are unstable with

respect to small fluctuations in concentration (c) The expected final state consists in a two-

phase coexistence within the particle

In this thesis, we use a combination of first principles calculations and continuum elasticity to

elucidate the persistence of solid-solution states during the (dis)charge of LiFePO 4 electrodes at

low-to-moderate C-rates.
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1.7 Overview of the thesis

This thesis uses first principles methods to provide critical insights on the voltage profile of

high-capacity cation-disordered rocksalts as well as to understand the fundamental lithiation

mecanisms in high-power LiFePO 4 olivine.

In Chapter 3, we use first principles calculations to investigate the effect of cation disorder on

the average voltage of Li transition metal oxides, which controls the total accessible

electrochemical energy upon disorder. We demonstrate that cation disorder increases the

average voltage of some transition metals while it lowers the average voltage of others,

depending on the relative disordering energy of the compound in the lithiated and delithiated

limits. We further demonstrate that the disordered Ni31 voltage is high and thus potentially

hard to access upon first charge. Finally, we establish voltage evolution rules for transition

metal oxides that disorder upon cycling.

In Chapter 4, we use first principles calculations to investigate the effect of cation disorder on

the voltage slope of Li transition metal oxides, which controls the capacity accessible below

the stability limit of the electrolyte. We combine lattice models and Monte Carlo techniques to

demonstrate that cation disorder increases the voltage slope of Li transition metal oxides via an

increase in the site energy distribution and extended availability of tetrahedral Li sites. We

further demonstrate that high voltage transition metals generally display a lower voltage slope

than low voltage transition metals. We finally demonstrate that short-range order plays a

critical role in decreasing the voltage slope of disordered compounds with respect to the fully

random limit, and that the additional high-voltage tetrahedral capacity induced by disordering
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is smaller in Li-excess compounds than in stoichiometric compounds.

In Chapter 5, we investigate the lithiation mechanisms in LiFePO 4 nano-particles and elucidate

the origin of the thermodynamic stability of intermediate solid solution states at low-to-

moderate C-rates. We demonstrate that, given the symmetry of the low-energy solid-solution

Li/Va orderings in LixFePO 4 and the 1 D character of Li diffusion, spinodal decomposition from

a solid solution preferentially leads to the formation of a diffuse high-strain ac interface with a

large intermediate solid-solution region, as opposed to the commonly assumed sharp bc

interface. Our first principles predictions not only rationalize the persistence of solid-solution

states at low-to-moderate C-rates in high-rate LiFePO 4 electrodes, but also explain the

observations of large intermediate solid-solution regions at an ac interface in single LiFePO 4

particles quenched from a high-temperature solid solution.

This thesis therefore provides important voltage-based design rules for the emerging field of

high-capacity Li-excess cation-disordered rocksalts and establishes new understanding of the

fundamental Li insertion mechanisms in high-rate LiFePO 4 nanoparticles.
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Chapter 2:

Methods

In this chapter, we present the computational methods used in this thesis. Density Functional

Theory, cluster expansions, Monte Carlo techniques, Special Quasi-Random Structures and the

thermodynamics of phase-separating systems are presented.

2.1 Density Functional Theory

Calculating ground-state energies for specific Li/Va arrangement in crystalline host structures

is an integral part of this thesis. This can be achieved in principle by solving the multi-body

Schrodinger equation on a periodic unit cell. For a unit cell containing M nuclei of atomic

number Zk and therefore N = I Zk electrons, the ground-state energy EO is obtained by
k

solving the following minimization problem over all normalized wavefunctions W :

EO = min,(IF HJ AV) (3)

H h2  N M M 
Z 2 Z Z 2

i=1 i=1 k=1 4eo rI - R 2 4e oi -r 2k=1 =1,1 4re|o|Rk - R| (
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In equation (4), H is the Hamiltonian operator, ri is the position of the ith electron, Rk is the

position of the k nuclei, m is the mass of the electron, h is Planck's constant and co is the

vacuum permittivity. The Hamiltonian operator is the sum of the kinetic energy of electrons,

the electrostatic attraction between electrons and nuclei, the electrostatic repulsion between

electrons and the electrostatic repulsion between nuclei. The kinetic energy of the nuclei,

which is much smaller than the kinetic energy of electrons in solid compounds at room

temperature, is neglected. The set of nuclei positions Rk therefore effectively acts as a

minimization parameter (Born-Oppenheimer approximation) and will not be explicitly tracked

in the subsequent equations presented in this section. Further note that a constraint exists on the

wavefunction, which must be antisymmetric with respect to exchange of any two variables r,

and r; (Pauli principle).

Direct numerical resolution of equation (3) is difficult. Discretization of the spatial grid into P

points for example, leads to a system of p
3
N unknowns to describe the wavefunction. The

number of unknown values therefore scales exponentially with the number of electrons in the

system, rendering direct resolution rapidly intractable for realistic systems. Density Functional

Theory (DFT) overcomes this difficulty by reformulating the minimization problem (4) via the

charge density n(r) instead of the wavefunction T .The charge density is defined as:

n(r)= Nf(...)f W(r , r2 , ...,rN )4*(r , r2 , --. , rN ) d3 r2 (-)d 3 rN (5)
r2  rN

Note that equation (5) takes advantage of the exchange (anti)symmetry of the wavefunction.

Reformulating the problem in terms of the electronic density dramatically reduces the
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complexity of the system (P3 unknowns instead of p3N for spatial discretization; note however

that spatial discretization of r is not the method employed in DFT). This reformulation is

possible by virtue of the Hohenberg-Kohn theorem,55 which states that there exists a one-to-

one correlation between the ground-state charge density no (r) and the external potential Vext

The external potential is defined as the interaction terms between the electrons and the nuclei

-i A4- Zke 2 Rk =f Ve, (r) n(r) d'r (6)
i=1 k=1 40|i-R

According to the Hohenberg-Kohn theorem, there therefore exists a universal functional F[n]

such that:

Eo= minn F[n]+f vext(r)n(r) d3r (7)

Although this functional exists in principle, it is not known. The challenge of DFT is to find

accurate approximations for this unknown functional. The Kohn-Sham ansatz56'57 provides a

framework for achieving this. The assumption behind the Kohn-Sham ansatz is that the exact

charge density can be represented by the ground-state of an auxiliary system of non-interacting

particles :

qf S (ri,., rN) ~ 01 (r)... N (rN) (8)
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The energy of the auxiliary system is:

(T KS|H|K -s /i -I2 Vy2 Oi)+ ,t (r) n (r) d'r + 1 n(r n (r) d3rd3 r'+ Ex [n] (9)
2m 2 41rcoEir-r I

The first term is the kinetic energy of a set of independent electrons, the second term is the

contribution of the external potential, the third term is the Hartree potential of a classical

distribution of positive charges and the third term is the exchange-correlation energy E. Ex,

adds the effects of the anti-symmetry of the wave function (exchange) and the correlation

between electrons (correlation), which are omitted by virtue of the form of the Kohn-Sham

wavefunction (equation (8)). The Kohn-Sham ansatz therefore states that the unknown

functional of the charge density can be decomposed the following way:

F [n] = T [n] + EHartree [n] + Ex, [n] (10)

Where T is the kinetic energy of independent electrons. The auxiliary Kohn-Sham equations

amount to solving the following eigenvalue problem:

HKS #i = 
8 i #i (11)

Where:

_h 2f n(r' 3
2

HKS - V2 + ext (r)+f dr'+, , [n](12)
2m 4zEo Ilr-rIII
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V n[n] ] (13)

Note that, in equation (13), 6 is a functional derivative. The art of DFT therefore consists in

developing accurate exchange-correlation functionals for v,,[n]. Several functional forms

have been proposed in the literature. Once a functional form is established, its parameters are

fitted to simple systems (e.g. the homogeneous electron gas) using more accurate but

computationally expensive first principles methods such as Quantum Monte Carlo.

In this thesis, the Hubbard-U corrected Generalized Gradient Approximation (GGA+U)

approximation to DFT is used. The GGA framework consists in a family of functionals in

which the exchange correlation potential is expressed as a local integral of the charge density,

as well as its spatial gradient:58

Ex [n] = fv.x [n(r),Vn(r)]n(r)d3 r (14)

In this work, we use the Purdue-Berk-Ernzerhof (PBE) functional. The U correction is a

Hubbard-like correction applied to d orbitals of transition metals to remove spurious self-

interactions, allowing charge to localize on the transition metal. 59'60 The PBE+U framewok has

been shown to accurately predict the redox levels of transition metal oxides and polyanionic

systems to within ~0. lV. In this thesis, U values for transition metal oxides are taken from the

work of Jain et al6 (experimental fit on oxide formation energies), while the U value for
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62
LiFeP04 is taken from the self-consistent evaluation of Zhou et at.

Lastly, a few words will be mentioned on the numerical resolution of the Kohn-Sham

equations. Following the Bloch theorem, wave functions in a periodic potential have the

following form:

IF (r) = eik-rqn,k (r) (15)

Where k is a wave-vector in the first Brillouin zone, n is a band index and 99,,k (r) is a function

that shares the same periodicity as the unit cell. This theorem is leveraged to solve the Kohn-

Sham equations. k-points are sampled in the first Brillouin zone with a fixed density (such that

the product of the nominal number of k-points and the number of atoms in the cell is on the

order of 1000-2000), Pn,k (r) is expressed in a plane wave basis using a sufficient number of

basis functions (energy cutoff ~ 520eV). Furthermore, core electrons are not explicitly

represented in the Kohn-Sham equations but are instead taken into account via pseudo-

potentials (Projector-Augmented Method 63).

2.2 Cluster Expansions

Cluster expansions64,6s are useful tools to map lattice dependent quantities, such as the total

energy, onto a set of finite cluster interactions (pair interactions, triplet interactions, etc). Once

fitted to a finite set of DFT energy calculations, cluster expansions can be used in conjunction

with Monte Carlo methods to calculate thermodynamic quantities, such as the chemical
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potential u(x), from which the open circuit voltage AVOC (x) can be derived. In this thesis,

cluster expansions are used to calculate the average voltage of fully disordered LiMO 2

rocksalts, as well as to estimate their voltage slope. Both binary (A-B system) and ternary

cluster expansions (A-B-C systems) are used. The following section presents the theoretical

foundations behind cluster expansions, as well as the method employed to fit them.

Consider a lattice containing N sites, and consider that each site can be occupied by m distinct

species. Several quantities need to be defined before the formal definition of a cluster

expansion is presented. An occupation variable un is defined for each site of the lattice. In the

binary case where each site can be occupied by species A or B, a common choice of the

occupation variable is oa = {,-l} for [A,B), respectively. For a ternary system where each site

can be occupied by species A,B or C , a common choice of the occupation variable is

a, = {1,0,-1} for {A,B,C} respectively. Each configuration on the lattice is expressed by an

occupation vector a=(al,...,aN) . A series of m-1 site functions Os (sE[O,m-l]) are

defined on each site. In a binary system, the unique point function is 01 (a1 ) = a, . In a ternary

system, the two point functions are 01(a1 ) = a, and 62 (ai) = Oa (note that this choice of point

functions is not unique and that other possible sets of functions can be used65). Consider a

specific cluster a (pair of sites, triplet of sites, etc) containing I sites (1=2 for pairs, 1=3 for

triplets, etc). A vector of point function indices, s, is defined over all sites in the cluster:

{s} = (s, ... ,s,,..., sl). To each cluster is associated 1m-1 cluster functions (one for each

possible value of {s}): Obs(a) = I716, (a,) . With these definitions in place, the general

iEa

expression of a cluster expansion can be written as:
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E(a)= I (a) (16)
a {s}

Where Jls is the Effective Cluster Interaction (ECI) associated with the cluster function

Symmetry considerations reduce the number of independent variables in the expansion. All

symmetrically equivalent clusters must share the same set of ECI's, such that the expansion can

be re-written:

E (a) aJs -ISJ1~5P (a) 1"V (a7) ON{~ (a7)
a {s} a a;Ea

Where a is summed over all symmetrically distinct clusters, each with multiplicity ma. The

term Olsl (a) is the correlation of the configuration over the cluster function # .

In the binary case, the explicit expression of equation is given by:

E(r)= JO+Jpointj ri+ I Jaira I Gioj+ I Jwrilta I gcjork +( .. (8
i aEpairs (i,j)Ea aEtriplets (i,j,k)Ea

Where pair clusters include the nearest neighbor pair, the next nearest neighbor pair, etc. (Note

that, to simplify, we assume that the lattice has one symmetrically distinct site, such as is the

case in the rocksalt lattice). In the ternary case, cluster expansions have the following and

somewhat more complex form:
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E(0)= J+J int Z + pojnt Ul

i i

+ Or Or + paircx'
7

i jr + j(21) ra j + j(2,2U) (19)r

aEpairs(ij)Ea

+(...)

Note, that if the expansion were to be pursued to triplets, it would include eight cluster

functions, and correspondingly eight ECI's, for each triplet term (j(ai<,c) fa j , where

{a,b,c}={1,2}). Site symmetry considerations can also reduce the number of independent

ECI's for each cluster. In a lattice where each site is equivalent (such as is the case in the

rocksalt lattice studied in this thesis), the pair term ECI's fJ2) and J2,1) are guaranteed to be

equal. Regardless of the available symmetry, the expansion expressed in equation (19) is

general.

In principle, a cluster expansion is exact if all terms up to the N-tuplets are considered (where

N is the number of sites in the lattice). In practice, it is sufficient to truncate the expansion to a

finite set of ECI's, typically by reducing it to pair, triplets and quadruplet clusters and by

setting, for each type of cluster, a cutoff radius beyond which clusters are not considered.

Fitting a cluster expansion requires a sufficiently large set of input energies obtained from first

principles. The challenge in fitting a cluster expansion is to select the smallest possible number

of relevant clusters that most accurately fit the input energies. Furthermore, cluster expansions

must have predictive power, such that configurations that are not in the fit are accurately

represented by the cluster expansion. The predictive quality of a cluster expansion fit is
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estimated by its cross-validation (CV) score, which represents a quantitative measure of the

predictability of the fit. The CV score is generally calculated using the "leave one out"

algorithm. For a cluster expansion fitted to the DFT energy of M configurations, the CV score

is calculated by performing cluster expansions on M-1 configurations and calculating the error

of the configuration that was left out. The CV score is then calculated by taking the root mean

squared value of this ensemble of errors (obtained by sequentially leaving out each of the M

configurations in the fit).

CV =CE with i left out -E (20)

In this thesis, cluster expansions are fitted using the compressive sensive method.66 This

method, which originated from signal processing theory, aims at fitting a cluster expansion

with the smallest possible number of ECI's. It follows the physical intuition that only a handful

of short-range interactions are relevant. Compressive sensing meets this requirement by

simultaneously minimizing the L' norm of the solution vector (in other words the number of

ECI's in the fit) as well as the L 2 norm of the error resulting from the ECI fit:

min (IIJIIL + IIC - E1) (21)

In equation (21) , J is the vector of ECI's considered in the fit, E is a vector containing the list

of input energies and C is the correlation matrix. The Li norm |IJ_ is used as a proxy to

count the number of non-zero ECI's. p is an adjustable parameter that weighs the importance of
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having a sparse ECI solution with respect to having an accurate fit. The minimization problem

66
is fitted using the split Bregman algorithm, as described by Nelson et al.

2.3 Statistical Mechanics via Monte Carlo

Once a cluster expansion is constructed, thermodynamic quantities such as chemical potentials

can be accurately calculated using Monte Carlo algorithms. In this thesis, we use Monte Carlo

methods to calculate the Li chemical potential as a function of Li concentration YLi (XLi). The

Li chemical potential determines the open circuit voltage via the relation:

eAVOC(xLi) =-YLi XLi)+C (22)

Where the constant C is a reference chemical potential that is set to the chemical potential of Li

in its metallic form. (As a result, all voltages reported in this thesis are given with respect to

metallic Li, which is a common practice in the Li-ion battery community.) According to

statistical mechanics, the lithium concentration can be expressed as a function of the Li

chemical potential via a Boltzmann sum:

SNLi (a) exp(-Pf(E(a) - pLiNLi(a))

xti pri = u (23)
N ( exp (-f(E(a) - pLiNLi (a)))

{g}

The sums in the numerator and the denominator are performed over all possible Li-vacancy

48



configurations a in the grand canonical ensemble (with the metal framework being otherwise

fixed). NLi (a) is the number of Li in a given configuration a and 3 = , where k is the

Boltzmann constant and T is the absolute temperature in Kelvin.

The Metropolis algorithm 67 is used to numerically solve equation (23). The Metropolis

algorithm performs importance sampling, which consists in sampling configurations according

to their equilibrium Boltzmann probability:

exp(-p(E(a) - ML;NLi ()))
equilibriumn(a,T,p)=-- ('))(4

Iexp (-13(E (a') - P;Nt (C') (24)

{a'}

Importance sampling is achieved asymptotically via a Markov chain construction. Starting

from an initial state a0 , a Markov chain of configurations a" is generated. The probabilistic

criterion used to generate ac"" from the previous configuration in the chain, a" , is chosen

such that the probability to sample a given configuration eonverges to the Boltzmann

probability in the limit of large n. This property is expressed in equation (25):

C0 -->CIa FM

(25)

PMetropolis ( a; n "equilibrium (an, T,y

The Metropolis algorithm can be summarized the following way. In a periodic supercell
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containing N Li/Va sites with an initial Li-Va configuration a0 :

(1) Randomly sample a site i in the lattice

-Change the occupation value oi for that site

-If the change in a-i decreases the grand potential (E - pN) of the configuration, the

change is accepted. Otherwise, accept the change with a probability

exp ( ((Efinal - Einitial) - (Nfinal - Ninitial ) Li))

(2) Repeat step (1) N times to obtain the next configuration of the Markov chain (CF1

(3) Repeat the process M times, to obtain a Markov chain of length M

It can be shown that the Metropolis asymptotically achieves Boltzmann importance sampling

67
as expressed in equation (25). Importance sampling allows equation (24) to be numerically

evaluated using an arithmetic average over the sampled configurations in the Markov chain:

1 * NLj~a)
(xLi)(MLiT) (-- ) 2I N (26)

(M - m), N

Where the number m represents the number of configurations that are discarded in the

statistics, to account for the fact that convergence towards Boltzmann sampling is an

asymptotic property of the Markov chain. Parameters of a Monte Carlo simulation include the

number of Li/Va sites N, the number of discarded sampled configurations m and the total

50



number of configurations M. In this thesis, it is found that m=10,000 and M=50,000 with

supercells containing 16x 1 6x16 repetitions of the rocksalt primitive cell are sufficient to ensure

convergence.

2.4 Special Quasi-Random Structures (SQS)

Special Quasi-random structures (SQS) are small periodic structures whose cluster correlations

a in equation (17)) approach those of a fully random structure.68 SQS's are useful tools to

estimate the statistically expected energy (hereinto referred to simply as "energy") of a fully

random structure and can be used in lieu of cluster expansions for that specific purpose. SQS's

have the advantage of requiring a single DFT energy evaluation to predict the energy of a fully

disordered structure, as opposed to a full cluster expansion fit. Furthermore, once an SQS is

generated for a certain stoichiometry on a certain lattice (e.g. rocksalt LiMO 2), it can be used

for any chemical species (e.g. any rocksalt ABO2). In this thesis, we use SQS's to validate the

predictions made by cluster expansions on the energy of fully random systems.

The principle behind SQS's can be inferred from the expression of a full (in other words exact)

cluster expansion, which is expressed in equation (17) and repeated below for convenience.

E(a)= aJfs {s}1
a {s}

Cluster expansions can in principle be a perfect representation of the configuration-dependence
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of a supercell containing N sites if all clusters up to the N-tuplets are considered. A DFT

calculation on a specific configuration can therefore be considered as an "exact" cluster

expansion calculation on a specific configuration.

The statistically expected energy (E) of a system is given by a Boltzmann sum over

configurations at a given temperature. Given the form of equation (17), this reduces to a

Boltzmann sum over the cluster correlations:

(E) I .,aJtsK{S})
a {s}

(27)

((f) = f (CF) PBoltzmann (o)
{a}

The principle behind SQS's is that the expectation value of the correlations in a random

structure are known a priori. In a fully random structure, the probability that a given site be

occupied by atoms of a certain species is simply given by the global concentration of that

species (this corresponds to the infinite temperature limit of equation (27)). As a result, the

cluster correlations in equation (27) are simply given by:

(# (a)) = He. (Osi) (28)
iEa

Where c-i is the expected value of the occupation of site i based on the global concentration of

each species on the lattice. For example, in a fully disordered binary AB system (fully cation-
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disordered LiMO 2 system at xLi=O and 1 is an example of such a system), the average site

occupancy is simply zero (a 1 can take -1 and 1 values with equal probability). Referring to

equation (18), the energy of a fully disordered AB system therefore reduces to:

E(a)= Jo (29)

An SQS for an AB system on a given lattice is therefore a specific periodic structure on that

lattice containing a large number of zero correlations. In the general case, an SQS is a small

periodic structure whose cluster correlations approach that of a random structure for a large

number of clusters (with priority igiven to the short range clusters, whose contribution to the

Hamiltonian is larger). Several SQS's have been developed in the literature for binary and

ternary FCC systems with various stoichiometries.68'69 In this thesis, we use the SQS-16

developed by Zunger et a168 to calculate the average energy of fully cation-disordered LiMO 2.

This SQS contains 16 cation sites and its correlations are identical to that of a fully disordered

LiMO 2 system for the first eight pairs and the first eight triplets.

2.5 Thermodynamics of phase-separating systems

Phase-separating systems are defined as systems whose thermodynamic ground state, in the

incoherent limit, is a coexistence of two distinct phases. In LixA systems, where A is the host

structure for Li intercalation, two-phase coexistence over a concentration range [xI1,x2 1 occurs if

the formation free energy is concave between x, and x 2. An important phase separating system

in Li-ion battery is the LiFePO 4 system. Partially lithiated LixFePO 4 phase separates into a
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stoichiometric mix FePO4 and LiFePO 4 phases ( LixFePO 4 4 xLiFePO 4 + (1 -x)FePO4 ) , with

negligible solubility in its end members. The bulk free energy for Li intercalation in LixFePO 4

is schematically illustrated in Figure 2-1(a).

(a)

C)
h.

U-

0
XFP

1

XUj

(b)

- iUFPO 4 - FOP04

XLFP

Figure 2-1 (a) Bulk free energy in an LixFePO 4 single particle (b) Multi-particle equilibrium,

where some particles are fully lithiated and others are fully delithiated70

Practical LiFePO 4 electrodes contain a large number of particles. At the electrode level, the

thermodynamic equilibrium state is the incoherent equilibrium, where some particles are fully

lithiated (LiFePO4 ) and some are fully delithiated (FePO 4) (Figure 2-1(b)). Accessing this

electrode-level equilibrium state is possible via Li-redistribution between particles. The free

energy of the electrode in that case is simply a weighted sum of the bulk free energy of the

FePO 4 and the LiFePO 4 phases (as no phase coexistence exists within a single particle).

During charge/discharge, each particle must however intake Li from the counter-electrode.

During the (de)lithiation process, actively transforming particles therefore exist in a state of
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intermediate Li concentration. In this thesis, the lithiation mechanism of LiFePO 4 is

investigated, and the persistence of intermediate solid solution states in LiFePO 4 electrodes at

low-to-moderate C-rates in LiFePO 4 is explained. We demonstrate that the persistence of large

intermediate solid solution regions at LiFePO4/FePO4 interfaces is largely a volumetric effect

dictated by the relative ratio of the solid solution free energy and the coherency strain energy at

a sharp coherent interface. In the rest of this section, we focus our attention on how the (bulk)

free energy in the particle resulting from the presence of a sharp or a diffuse interface can be

calculated by a combination of first principles calculations and continuum elasticity.

UiFeP04

YISSR IeI I4

Figure 2-2 Equilibrium state in a partially lithiated single LixFePO 4 particle. The particle

contains an FePO 4 region, an LiFePO 4 region and potentially an intermediate solid solution

region (ISSR) with volume fraction yissR.

The bulk free energy penalty for phase-separation associated with a sharp coherent interface

(yssR=O in Figure 2-2), with respect to the incoherent equilibrium, is given by:

Fa boundary = boundary + Ay (30)
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Where V is the particle volume, e boundary is the volume-averaged coherency strain energy

density in the particle (resulting from a sharp interface), A is the interfacial area and y is the

chemical interfacial energy. More precisely, the quantity estrain is equal to the total strain

energy in the particle divided by the total volume of the particle, as expressed in equation (31).

estrain 1 I elastic dV (31)

particle Vpariicle 2

In equation (31), or1j is the stress tensor, elastic is the elastic strain tensor, defined as the

difference between the total strain tensor and the stress-free strain tensor (see the end of this

section for more details). The free energy penalty for the creation of a diffuse interface is the

sum of the bulk free energy of the intermediate solid solution region (ISSR), the coherency

strain energy resulting from the presence of a diffuse interface and the gradient energy penalty

in the ISSR (Figure 2-2):

Fdiffuse boundary = VyISSR f solid-solution +Vedtrai boundary + f V 2 dV (32)

VIss

where yIssR is the volume fraction of the ISSR, f solid-solution is the volume-averaged bulk free

energy density in the ISSR, etrae boundary is the volume-averaged coherency strain energy

density in the particle resulting from a diffuse boundary, K is the gradient energy coefficient
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and VXLi is the concentration gradient in the ISSR. Comparing the bulk free energy penalty of

sharp and diffuse interfaces therefore requires calculating coherency strain energy, chemical

interfacial energies and gradient energy penalties for various particle sizes and morphologies.

In this thesis, coherency strain energies are calculated by numerically solving the equations

linear elasticity. The nomenclature used in linear elasticity is noted in Table 2-1, while the

equations of linear elasticity are provided in equations (33) to (37) (in cartesian coordinates).

The corresponding boundary and continuity conditions are expressed in equations (38) and

(39).

Table 2-1 Definition of variables used to calculate coherency strain energy

Stress tensor Displacement vector Total strain tensor

o- .U 
total

Elastic strain tensor Vegard coefficients tensor Stiffness tensor

Eelastic 0 jk0~k

Table 2-2. Equations of Linear Elasticity

(33)

(34)
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Elastic strain elastic total 0 X

Linear stress-strain relation = C elastic

Concentration-dependent stiffness tensor FePO Le04 _FPO 4C OkI Xi) = Ck 4+x, C -LI Ce

(linear approximation)

Table 2-3. Boundary and continuity conditions

Traction free condition on the particle Eternal surface =0

surface

Coherency condition at the FePO 4/LiFePO 4  u is continuous across the interface

interface (sharp interface)

(35)

(36)

(37)

(38)

(39)

Equation (33) ensures that the system is at equilibrium, equation (34) links the total strain

tensor with the displacement field, equation (35) defines the elastic strain tensor as the

difference between the total strain tensor and the natural strain induced by variation in lithium

concentration, equation (36) expresses the linear relation between stress and elastic strain

through the stiffness tensor and equation (37) expresses the concentration-dependence of the

stiffness tensor. The traction-free boundary condition in equation (38) expresses the fact that

no external traction is applied on the particle surface, while the continuity condition in equation

(39) ensures that the interface between the lithium-poor and lithium rich phases is coherent

(used in the case of sharp interfaces).
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It is to be noted that, due to the form of the equations (33)-(39), the volume-averaged

coherency strain energy density as defined in equation (31) is identical for two systems that can

be obtained from one another via a single scaling factor. The volume-averaged coherency

strain energy density associated with a sharp interface, for example, depends only on the

lithium concentration xj, the interface orientation and the particle morphology, but not on the

particle volume (at a given particle morphology). In other words, the total coherency strain

energy Estrain for a sharp interface can be written as:

Estrain = Vparticle Oestrain (XLI, interface orientation, particle morphology) (40)

A similar scaling law applies to particles containing an ISSR. In this thesis, the equations of

continuum elasticity are solved numerically. These equations are cast into the smoothed

boundary method as formulated by Yu et al." to solve for the elastic stress tensor and strain

tensor using the alternative direction iterative (ADI) method in a second-order central-

difference scheme in space. Values of the elastic constants for the LiFePO 4 and FePO 4 phases

and values of the Vegard coefficients are taken from the first principles evaluations of Maxisch

et al 7.

Chemical interfacial energies per unit area are calculated using the Generalized Gradient

Approximation (GGA+U) to Density Functional theory (DFT) as implemented in the Vienna

Ab Initio Simulation Package, with a self-consistent U value for Fe of 4.3 as previously

determined by Zhou et al.62 Energies of supercells containing pure LiFePO4 , pure FePO 4 and an

LiFePO4/FePO4 interface are calculated and their difference is divided by the area of the
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LiFePO 4/FePO4 interface to obtain the chemical interfacial energy per unit area. This standard

procedure is illustrated in equation (41). (Note that, in equation (41), the two-phase supercell

contains an equal fraction of each phase.)

E 2-phase -N Fepo- N E LiFePO4
N unit cells E

L I Nuit l 2 2 Fixedlattice parameters along the interface plane (41)
coherent N 2 Ainterface

Energy calculations of the fully lithiated, fully delithated, and two-phase states are performed

at the same lattice parameters along the plane of the interface, while the dimension

perpendicular to the interface is allowed to relax. This standard procedure is essential to

capture only the chemical interfacial energy component of the energy penalty for phase-

separation, without any contribution from the coherency strain energy. In general, the exact

values of the lattice parameters along the interface depend on the relative phase fraction of the

FePO 4 and LiFePO 4 phases. Since it was found that the calculated chemical interfacial energy

per unit area has a weak dependence on the choice of these lattice parameters (e.g. 0.5 mJ/m 2

for the ac interface), only the average values obtained at the FePO 4 and LiFePO 4 lattice

parameters is reported. Using the linear interpolation method of Fiorentini and Methfessel,74

y values were found to converge at a supercell size consisting of three unit cells of each phase

(N=6 in equation (41)). All the calculation parameters stated above ensure that the reported y

values are converged to within I mJ/m 2 .
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Note that other surface-scaling effects such as the surface energy differences between a sharp

interface and a diffuse interface are ignored. This approximation is justified a posteriori given

that the identified mechanism for the retention of intermediate solid solutions is a volumetric

effect and that is it observed at particle sizes where surface effects are small (-200 nm12).
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Chapter 3

The effect of cation disorder on the

average Li intercalation voltage of

transition metal oxides

3.1 Introduction

Cation disorder is a phenomenon that is becoming increasingly important in the field of Li-ion

batteries. As-synthesized disordered Li-excess rocksalts (Lii+xNbyMzO 2 [M=Mn, Fe, Co, Ni], 1

819 LiI. 2Nio. 33Tio.33Moo. 1402, 17 Lii+xTi2xFe1-3xO2 20) were recently shown to achieve high

reversible capacity, paving the way towards a new design space of high-capacity Li-ion battery

cathodes. These high capacities are enabled by macroscopic Li transport through percolating

zero-transition-metal pathways, which remain active upon disorder. 15 75 In situ cation disorder

also occurs in a large class of ordered materials, resulting in the formation of disordered bulk

phases (Li1 .21 1MoO.467Cro.302,1 5 Li2VO 3,
1 6 LiCrO 2, 14, 7 6 Lio.96VO2,

7 7 rutile TiO 2 78,79).

Furthermore, in situ cation disorder can also occur at the surface of ordered compounds as a

result of oxygen loss and transition metal migration, such as is the case for the NCA

(LiNio.8 Coo. 2Alo.050 2) 2 9 and Li-excess NMC (Lil+yNiCozMn2-y-w-ZO2) compounds. 23 ,2 7,2 8
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Cation disorder can have a strong impact on the lithium intercalation voltage of transition

metal oxides, as is evidenced by the change in voltage profiles in materials that undergo in situ

disorder. 15 ,16,78 Surface disorder can also significantly affect the measured voltage if surface

transport properties are poor. Disordered surfaces with an increased TM/Li ratio 27 are likely to

exhibit poor transport properties, as Li-excess is required to sustain macroscopic diffusion in

disordered materials. 10 As a result, the measured voltage profile in the particle may be greatly

influenced by the redox processes occurring in the disordered surface region, where Li

insertion/extraction occurs.

Understanding the effect of cation disorder on the voltage profile of transition metal oxides is

therefore critical, both to rationally design high-capacity disordered Li-excess rocksalts as well

as to predict the voltage evolution of ordered materials subject to in situ bulk or surface cation

disorder. Despite the growing importance of cation disorder in the Li-ion battery field,

however, little work has been done on quantitatively understanding its effect on the Li-

intercalation voltage of transition-metal oxides. To our knowledge, the only work on this topic

was conducted by Saubanere et al. 21 Using a simplified voltage model based on chemically

intuitive quantities, the authors argued that the average voltage of LiMO 2 cation-disordered

rocksalts must be higher than their ordered homologues.

In general, cation disorder can have two important effects on the Li-intercalation voltage

profile of transition metal oxides : (i) a change in the average voltage, and (ii) an increase in

the slope of the voltage profile. The average voltage controls the total energy deliverable from

the electrochemical reaction, while the slope of the voltage profile determines the fraction of

capacity accessible in a certain voltage window. In this Chapter, we use first principles

methods to understand and quantify the effect of cation disorder on the average Li-insertion
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voltage of transition metal oxides.

In order to isolate the effect of cation disorder from other parameters such as the Li/TM ratio

(in other words the Li-excess or Li-deficiency level), we consider the average voltage of

stoichiometric transition metal oxides. The effect of cation disorder on transition metals

undergoing a 3+/4+ redox reaction is investigated through a systematic study of first-row

LiMO 2 compounds (M=Ti, V, Cr, Mn, Fe, Co, Ni). Among these compounds, LiTiO 2 and

LiFeO2, disorder at solid-state synthesis temperature, 80 while LiVO 2 77 and LiCrO 2 14,76 can

disorder upon cycling at room temperature. Mn, Co and Ni, although not found to disorder in

the stoichiometric LiMO 2 form (with the exception of high-energy ball-milling8 1 ), disorder as

part of mixed transition metal compounds (LiMo. 5Tio.50 2 compounds, where M=Mn, Fe, Co,

Ni)8 2-85 and can also form disordered surface layers upon cycling in mixed-transition metal

environment such as NCA 22 and Li-excess NMC.23 27

In summary, this study aims at providing a quantitative examination of the effect of cation

disorder on the 3+/4+ redox couple of stoichiometric lithium transition metal oxides, and

thereby also provide insights on the effect of cation disorder on the building blocks of more

complex bulk or surface cation-disordered systems.

3.2 Methodology

Ordered and disordered states of a lithium transition-metal oxide are schematically illustrated

in Figure 3-1(a) and are based on the rocksalt framework, consisting of interpenetrating cation

(Li and M) and anion (0) FCC sublattices. In the cation sublattice, Li and transition metals are
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octahedrally coordinated by oxygen (LiO6 and MO 6 octahedra). In an ordered state, Li and M

atoms occupy distinct periodic sublattices of the FCC rocksalt cation framework (Figure

3-1(a)-(i)). Examples of experimentally observed ordered LiMO 2 structures include the

layered, overlithiated spinel, y-LiFeO 2 and orthorombic structures.80 In the fully disordered

state, Li and TM atoms randomly occupy sites of the FCC rocksalt cation framework (Figure

5-1(a)-(ii)). Note that cation-disordered structures need not be fully random, but can in fact

exhibit short-range order.82 In this Chapter, we only consider the limit of fully disordered

lithium transition metal oxides.

(a)

* Li
M
0 layer

(i) Ordered (e.g. layered)

S....

(ii) Disordered

(b)

(I) Vdisordered> Vordered

*Disordered

*Ordered .0-
E
0
U.

W

0
XL.

I

0

E
0

U.wj
I

(ii) Vdisordered< Vordered

1 0
XLI

Figure 3-1: (a) Cation arrangement in ordered (left; the layered structure is shown as an
example) and disordered (right) structures. The layers displayed in the figure are the (111)
planes of the FCC cation sublattice. (b) The voltage of the disordered structure is larger than
the voltage of the ordered structure if the disordering energy is larger in the delithiated limit
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thn nth lt i.. limitdis -E ord ) ,'Edis - E~ oronerethan in the lithiated limit (E0 2 - MO2  M02 -LiMO 2 (i). Conversely, the voltage of

the disordered structure is smaller than the voltage of the ordered structure if the disordering

energy is smaller in the delithiated limit than in the lithiated limit

iss Erord) i)
M02 - EM0 ) < (Eds2 - E (ii)

The average voltage resulting from the intercalation of one formula unit of Li in a

stoichiometric MO 2 compound, with respect to metallic Li, is given by equation (42). 86 This

relation is general and is valid both for ordered and disordered structures.

eAV =- ( LiMO2 - GMO2 - !Li metal) (42)

In equation (42), AV is the average (open circuit) voltage and GLiM02 ' GM02 ' GLi metal are

the free energy of the lithiated transition metal oxide, delithiated transition metal oxide and

metallic lithium compounds, expressed in eV per formula unit. The difference between the

disordered and ordered average voltage is obtained by expressing equation (42) for ordered and

disordered structures and taking the difference between the two expressions. The result is given

in equation (43):

e(AdsAVd=(ds -Gord )(dis -G ord (43)
(Mdis - -or ) k 2 M02 -LMO 2 -LiMO 2

Equation (43) can be simplified further by neglecting the configurational entropy of ordered

structures and by noting that the configurational entropy of a fully random system is the same

in the lithiated and delithiated limits (S = -k xjln(xj)). As a result, the difference in average
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voltage between the disordered and ordered structure depends only on the relative energy of the

two structures:

e(AVdis - AVord= AEno2 --AEdM2

(44)

With: AE dis Edis -Eord
WLiM02  LiM02 -Li.MO 2

Note that, in equation (44), we define the "disordering energy", AEdis2, as the energyLixMO2

difference between the fully disordered structure and the ordered structure at a given Li

concentration.

The voltage change upon disorder is controlled by the relative disordering energy in the

lithiated and delithiated limits (Figure 5-1(b)). If the disordering energy is larger in the

delithiated limit than in the lithiated limit AE d2 > AE di , the voltage of the disordered

structure is higher than the voltage of the ordered structure (Figure 5-1(b)-(i)). Conversely, if

the disordering energy is smaller in the delithiated limit than in the lithiated limit

(AE O2 < AE 0  ) ,the voltage of the disordered structure is smaller than the voltage of the

ordered structure (Figure 5-1(b)-(ii)).

In this Chapter, we compare the voltage of fully disordered LiMO 2 with the voltage of the

LiMO 2 ordered ground-state structure for first-row LiMO 2 compounds (M=Ti, V, Cr, Mn, Fe,

Co, Ni). The lithiated ground-state structure is calculated to the layered structure for

Li(Co,Ni,V,Cr)02, the y-LiFeO 2 structure for Li(Fe,Ti)0 2 and the orthorhombic structure for

LiMnO 2 . These ground-state structures are all validated by experimental results,80 with the
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exception of LiTiO 2, which cannot be synthesized in its ground-state structure as it disorders at

normal solid-state synthesis temperatures.80 Note that, in the case of LiTiO 2, the y-LiFeO 2

structure is equivalent to the lithiated anatase structure.

The energy of ordered ground-state structures are calculated within the Hubbard-U corrected

Generalized Gradient Approximation (GGA+U) to Density Functional Theory (DFT), using the

PBE exchange-correlation functional5 8,8 7, as implemented in the Vianna Ab Initio Simulation

Package (VASP). The U parameters are extracted from the work of Jain et al. 61 (Detailed

calculations parameters are given in section 2.1 of Chapter 2). A large number of spin-

orderings are considered, among which the spin ordering with the lowest energy is selected.

The energy of the cation-disordered structure is calculated using the cluster expansion

technique, which parametrizes the energy of any cation arrangement using a finite number of

Effective Cluster Interactions (ECI's). Two cluster expansions are fitted: one in the lithiated

limit and another in the delithiated limit. The ECI's, encompassing the zero order, point, pair,

triplet and quadruplet interactions, are fitted on the DFT energies of all cation-mixed structures

with unit cells containing up to four formula units of LiMO 2 (and therefore eight cations). This

subset of 121 symmetrically distinct structures includes all experimentally observed structures

in the LiMO 2 rocksalt lattice, including the layered, y-LiFeO 2, orthorombic and overlithiated

spinel structure. Only structures that map onto the FCC rocksalt lattice, where both Li/Va and

M atoms are octahedrally coordinated by oxygen, are conserved in the fit (structures where

transition metals migrate to tetrahedral sites are not included). Structures where 0-0 bonds

form are also disregarded, as GGA+U is known to overstabilize 0-0 bonding. The CE is fitted

using the compressive sensing paradigm and optimized through the split-Bregman algorithm. 66

Using the fitted cluster expansion, the energy of the cation-disordered structure is calculated by
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evaluating the energy of randomly populated 30x30x30 supercells, such that the energy of the

disordered structure is converged to within 0.005V. These energy calculations were performed

using the Cluster Assisted Statistical Mechanics (CASM) software. 88

The root mean square error (RMSE) and the cross-validation (CV) score are used to judge the

quality and the predictive ability of the fit, respectively. Since disordered energies are an

average quantity over a large number of local configurations, and therefore prone to error

cancellation, the error bars on the disordered energies are in fact smaller than the CV score.

The error bar on the disordered average voltage is approximated by fitting several cluster

expansions for each system. In practice, an error bar of 50mV is found to be a conservative

estimate for all transition metal oxides studied in this Chapter. (Limiting the cluster expansions

to only the first 5 neighboring pair interactions, for example, gives average voltage predictions

within the predicted error bar.) The CV scores are found to be on average 50 meV/f.u. in the

LiMO 2 limit and 80 meV/f.u. in the MO 2 limit. Note that the energy difference between the

lowest energy and highest energy structure at a given Li concentration is large (- 1500 meV/f.u.

in the LiMO 2 limit and ~2300 meV/f.u. in the MO2 limit, on average over all transition metals).

We find that our predictions are in good agreement with calculations of disordering energies

using special quasi-random structures (SQS). The SQS-16 developed by Zunger et a168 predicts

disordering energies that are consistent with our cluster expansion predictions to within ~30

meV/f.u. in the LiMO 2 limit. This SQS contains 16 cationic sites and its correlations are

identical to that of a fully disordered LiMO 2 system for the first eight pairs and the first eight

triplets.
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3.3 Results

Figure 3-2(a) shows the disordering energy in the lithiated and delithiated limits for first-row

LiMO 2 compounds (M=Ti, V, Cr, Mn, Fe, Co, Ni). In the Discussion section of this Chapter,

we explain how experimental observations and electronic structure trends explain the position

of most disordering energies calculated in Figure 3-2(a).

These disordering energies can be used to calculate the voltage difference between disordered

and ordered structures via equation (44). The results are illustrated in Figure 3-2(b). Cation

disorder increases the voltage of transition metals that have a higher disordering energy in the

delithiated limit (Ti,Mn,Fe,Co,Ni), while it decreases the voltage of transition metals that have

a higher disordering energy in the lithiated limit (V, Cr). The difference between the disordered

voltage and the ordered ground-state voltage varies between extremal values of ~ -0.3V (for

LiCrO 2) and ~0.6V (for LiTiO2 and LiNiO 2).

Figure 3-2(c), shows the absolute average voltage values of the disordered and lithiated

ground-state structures (see also Table 3-1). Both sets of voltages follow the known trend that

transition metals with higher atomic number display larger voltages, due to the lower energy of

the 3d transition metal band as the atomic number of the transition metal increases. 86 The

LiMO 2 transition-metal oxide compound with the highest disordered average voltage is

predicted to be LiNiO 2 at ~A.4V (compared to -3.9V for the layered structure).
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Figure 3-2: (a) Disordering energy (with respect to the LiMO 2 ground-state structure) for

different transition metals, in the LiMO 2 and MO 2 limits. (b) Voltage difference between

disordered LiMO 2 and the LiMO 2 ordered ground-state (c) Absolute average voltage for fully

disordered and ground-state LiMO 2 structures.
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Table 3-1 : Calculated Average voltage of fully disordered LiMO 2
uncertainty of 0.05V )

(all reported values have an

Ti V Cr Mn Fe Co Ni

2.25 V 2.80 V 3.70V 3.85 V 4.15 V 3.95 V 4.40 V

Direct comparison of the predicted disordered voltages with experimental results is difficult, as

disordered LiMO 2 structures cannot be electrochemically cycled given their poor Li

diffusivities (Li-excess is required to enable macroscopic diffusivity in cation-disordered

rocksaltsis). The only disordered material that has been partially cycled in the LiMO 2 family is

disordered LiTiO 2, which is formed in situ upon lithium insertion in rutile TiO 2 .7 8
,
7 9 Particle

nano-sizing allows for small diffusion lengths (as low as 10 nm7 8
,
7 9), which partially

compensates for the poor diffusivity of Li in stoichiometric disordered LiTiO 2. After a first

discharge, during which disordered LiTiO 2 is formed, the voltage profile changes and the

average voltage upon cycling of 200 mAh/g (LiTiO 2 <-* Lio.4 TiO 2) is found to be on the order

of 1.8V.78,79 This value is lower than the 2.25V value calculated in the present study. However,

only 60% of the theoretical capacity can be accessed upon charge, indicating that the average

voltage for full Li extraction is likely higher than the experimentally reported value.

Furthermore, significant hysteresis is still present in the experimental charge-discharge profile

curves even at low rates, rendering the extraction of the average open circuit voltage difficult.

We further note that our 2.25V prediction is consistent with the experimentally observed 2.2V-

2.3V plateau associated with Ti3 +'1
4 redox in disordered Lii+z/3Nii/2-z/2Ti/ 2+z/ 6 0 2 89 and

Li. 2Nio.33Tio 33Moo. 1402 .17

Our predictions of a high disordered Ni3 ' 4
+ voltage (~4.4V) are consistent with the observed
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inaccessibility of the Ni 3/4+ redox in the disordered Li-excess Li1 .2 Nio.33 Tio.3 3 Moo.1402

compound.1 7 While this disordered material shows very high reversible capacity, XANES

analyses demonstrate that the transition metal redox activity is in fact limited to the Ni2
+/3+

redox couple, with the remainder of capacity attributed to reversible redox capacity from the

02/1- redox couple.17 The redox level of this 02-11- couple, calculated at ~4.3V,90 would

therefore be accessible before the disordered Ni 3
+/

4
+ couple, which is calculated in this work to

be at ~4.4V.

To further corroborate the high voltage of the Ni 3+/4+ redox in the disordered form, we

performed a cluster expansion fit of fully disordered LiTio.Nio.5 02, which is the material from

which Li-excess Li. 2Nio.33Tio.33Moo. 140 2 is derived. This compound can indeed be written as a

solid solution between LiNio.5Tio. 50 2  and Lii.6Moo.4 02

( Li1.2 NiO3 3T 0 3 3MO.1402 = 2(LiNi.Tio5O2 ) + I(Li. 6Moo.40 2 )). A ternary cluster expansion
3 3

fit was performed over the input structure of all 469 periodic structures with periodicity up to 8

cations and performed both in the lithiated and delithiated limits. A similar accuracy of 50 mV

was obtained, as for the disordered LiMO 2 cluster expansions. Furthermore, the energy of fully

disordered LiNio.5Tio. 502 agreed to within ~35 meV/f.u. with direct energy evaluation using the

LiAo.5 Bo.50 2 Special Quasi-Random Structure developed by Shin et al. 69

Using this method, the average voltage for Ni2
+/4+ oxidation in fully disordered LiNio 5Tio 502

was calculated to be (4.20 0.05)V. We find that this prediction is consistent with the 3.6V-4.8V

voltage range obtained during charge profiles of disordered LiNio.5Tio. 50 2 between xLI=0.05

and xLi-O. 7.83 Note, however, that experimental voltages display significant hysteresis and are

only available between xL,=0. 05 and xLi=O. 7, thus rendering extraction of the (open circuit)
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average voltage difficult. Based on our theoretical predictions, the Ni3+4+ redox in

LiNio.5Tio.50 2 is therefore higher than 4.2V (which constitutes an average over the two-step

Ni 2
+'3+ and Ni3+/4 + redox process), in general agreement with the 4.4V Ni3+/4+ average voltage

predicted for fully disordered LiNiO 2. We therefore speculate that the high voltage of

disordered Ni3
+/4+ is a general feature in cation-disordered rocksalts.

3.4 Discussion

Experimental observations and electronic structure trends explain the position of most

disordering energies calculated in Figure 3-2(a), as detailed in the following paragraphs.

We find that while most LiMO 2 compounds increase their average voltage upon disordering,

when M=Cr or V the average voltage decreases with disorder (by 0.3V and 0.1 V, respectively).

Furthermore, in the MO 2 limit, the disordering energies of V0 2 and Cr0 2 are found to be

significantly lower than the disordering energy of other transition metals (200-280 meV/f.u.

compared to -600 meV/f.u. and above for other transition metals), thus making these transition

metal compounds more likely to disorder upon delithiation. This is in agreement with

experimental observations, as layered LiVO 2
77 and LiCrO 2 14,76 are known to disorder in situ

upon charge. Although 200 meV/f.u. is still too large to drive a transition to a fully random

structure at room temperature (the entropy term TS = -kT In1(2) being only ~35 meV/f.u. for a

fully random MO 2 system at room temperature), it is possible that these compounds only

partially disorder upon cycling at room temperature, or that cation disorder occurs at

intermediate Li compositions (the concavity of the disordered free energy curve being more

pronounced than that of the ordered free energy curve due to the larger voltage slope).
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On the LiMO 2 side, the disordering energy of lithiated LiTiO 2 is calculated to be the smallest

among all first row transition metals. Consistent with this result, LiTiO 2 experimentally

disorders at solid-state synthesis temperatures.80

The trend in the disordering energy of LiMO 2 (Figure 3-2(a)) is generally upward as the

electron count on the transition metal increases, with only Mn and Ni modifying the upward

trend. It is notable that both Mn and Ni are Jahn-Teller active in the 3+ state. 91 Cation disorder

creates local distortions in MO6 octahedra, by virtue of the large variety of local environments

around transition metal atoms. Because Mn3+ and Ni3+ are Jahn-Teller active, they can

accommodate a certain degree of MO6 distortion along the Jahn-Teller distortion mode.9 1 This

additional degree of freedom contributes in lowering the disordering energy of these

compounds and therefore break the general upward trend.

Electronic structure arguments can also be used to justify points of high disordering energy in

Figure 3-2(a). Transition metal ions with a low spin d6 configuration (Co 3
+, Ni4 +) or high spin

d3 electronic configuration (Cr3+, Mn 4 ) have filled or half-filled (resp. empty) t2g(resp.eg)

bands, and consequently favor the highly symmetrical octahedral MO6 environments found in

ordered arrangements. The disordering energy for these compounds is therefore expected to be

high, as cation disorder leads to distortions of the MO6 octahedra. In agreement with this

statement, LiCrO 2 (Cr3+) and LiCoO 2 (Co 3+) are found to have the highest disordering energies

among lithiated LiMO 2 compounds, and NiO2 (Ni*) is found to have the highest disordering

energy among delithiated MO 2 compounds. MnO 2 (Mn4+), while not a maximum value in the

MO 2 curve, sits at a much higher disordering energy than neighboring Cr0 2 , which can be

attributed to the electronic structure of Mn4 + as described above.
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The disordering energy of LiFeO 2, however, is not consistent with experimental observations.

LiFeO 2 is known to disorder at solid state synthesis temperatures.80 The data in Figure 3-2(a)

however suggests that the disordering energy of LiFeO 2 is higher than the disordering energy

of lithiated transition metals such as LiVO 2 , LiMnO 2 and LiNiO2, which do not disorder at

solid-state synthesis temperatures. It is possible that experimentally synthesized LiFeO 2 has in

3+ 2
fact a certain level of off-stoichiometry, as partial reduction of Fe to Fe2

+, mediated by

oxygen loss, is likely at synthesis temperatures. 92 It is also possible that PBE+U overestimates

the disordering energy of LiFeO 2. In the latter case, the predicted voltage change for LiFeO 2

upon disorder would be underestimated. This potential underestimation, however, does not

change the conclusions presented in this Chapter, among which that the voltage of LiFeO 2

increases upon disorder.

This study has shown that, depending on the transition metal species, cation disorder can lead

to an increase or a decrease of the average voltage (Figure 3-2(b)). We note that this

conclusion is in disagreement with a previous result presented in the literature. 21 Using a

simplified model for the average voltage based on chemically intuitive quantities, it was argued

that the voltage of disordered LiMO 2 compounds is necessarily higher than the voltage of their

ordered counterparts. This statement, however, can be shown to be in contradiction with the

existence of compounds that disorder in situ during delithiation, such as LiVO 2 ,1 6 and LiCrO2.1

4,76 Such materials are ordered in their lithiated forms, thus guaranteeing that the disordering

energy is high enough to prevent cation disorder upon synthesis (Figure 3-3(a)). At a certain

level of delithiation, the disordered state becomes thermodynamically favorable over the

ordered state, leading to in situ cation disorder upon first charge. During subsequent cycles, the

material cycles in the disordered form. By virtue of the relative free energies of the ordered and
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disordered states in the lithiated and delithiated limits (Figure 3-3(a)), the condition

E 2 - E o <- is-2Eor is necessarily verified (the left hand term is negative,

while the right hand term is positive). Consequently, the voltage of the disordered state is

necessarily lower than the voltage of the ordered state. This analysis further rationalizes the

voltage drop observed following first charge in the Li-excess Li 1.211 Moo, 467Cro.302 compound, 15

which also disorders in situ upon delithiation.

(a) (b)

Vdisordered< Vordered Vdisordered > Vordered

0

0
LL

0n

0

EUK0
n.

1st charge 1 st discharge

0 XLI 0 XLI

Disordered * Ordered 0 Disordered S Ordered

Figure 3-3: Free energy landscape and ensuing voltage relations for compounds that disorder
in situ during (a) Lithiation (b) Delithiation.

Conversely, compounds that disorder in situ during lithiation must have a higher voltage in

their disordered form than in their ordered form (Figure 3-3(b)). Using the reasoning presented

in the previous paragraph, the relative ordered and disordered free energies in the lithiated and

delithiated limits ensure that dMO 2 -_ E o) > (EiM 2 - LMO. Consequently, the voltage
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of the disordered state is necessarily higher than the voltage of the ordered state. This analysis

explains the increase in average voltage that is observed after the first discharge of Lil+yVO 3 16

and rutile TiO 2.78,79

This analysis provides general rules for the voltage evolution of materials that disorder in situ.

In systems that allow it, in situ cation disorder can therefore be used as leverage to increase or

decrease the average voltage. Certain Cr-containing compounds, for example, are known to

disorder upon delithiation (LiCrO 2,14, 76 Lil. 211Moo.467Cro.302 15). The reduction in the average

voltage that ensues can be leveraged to access more capacity at moderate voltages before

competing mechanisms, such as oxygen oxidation90,93,94 or oxygen loss, 2 4 occur at higher

voltages. In line with this statement, the disordered Li1 .21 Moo.467Cro.302 compound was

experimentally shown to access the Cr3
+/4+ redox at the end of charge with minimal competing

redox from oxygen loss. 95 In Lii+yVO 3, in situ cation disorder during lithiation is also

leveraged to increase the low voltage in the initial ordered compound, thus enabling higher

energy density in this compound. Note that the previous analysis does not apply to compounds

that experience a change of chemical composition in conjunction with cation disorder (surface

cation disorder mediated by oxygen loss is one such instance).17, 22 ,23 ,2 7,2 8

General conclusions about the relative average voltages of the ordered and disordered phases

cannot be drawn, however, for materials that disorder upon synthesis. In this family of

compounds (LiFeO 2,8 0 LiTiO 2,8 0 LiMo.5 Tio.50 2 (M=Mn, Fe, Co, Ni),8 2 -8 4 Lii+xNbyMzO 2

[M=Mn, Fe, Co, Ni],1819 Li. 2 NiO.3 3Tio.3 3MoO. 1402 ,'1 7 Lii+xTi2 xFei-3xO 2 20 ), the free energy

difference between the disordered state and the ordered ground-state in the lithiated limit is

small enough to ensure that cation disorder can occur at synthesis temperatures (the energy
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increase upon disorder being compensated by the -TS term at high temperature). There is no a

priori relationship, however, between the relative disordering energy in the lithiated and

delithiated limits for these compounds. The disordering energy can be higher in the delithiated

limit, which leads to a higher disordered voltage (such is the case for LiTiO 2 and LiFeO 2 as

calculated in this study). It is also possible that compounds in this family be even easier to

disorder in the delithiated limit, in which case the voltage of the disordered phase would be

lower than that of the lithiated ordered ground-state.

Our analysis also demonstrates that the disordered voltage of the Ni3+/4+ redox is high. This

conclusion, demonstrated both for disordered LiNiO 2 and disordered LiNio.5 Tio.50 2, has

important implications, as Ni is an important high-voltage transition metal for Li-ion battery

cathodes. While the large voltage of the disordered Ni3
+/Ni4+ couple leads to a beneficial

increase in energy density, it can also lead to the appearance of competitive redox processes.

Such processes include oxygen oxidation9 ,9 3,94 and oxygen evolution. 24 The ~4.4V range

calculated for the Ni3+14+ redox suggests that the disordered Ni3+/4+ redox can be hard to access

in practice, consistent with the large oxygen activity observed in the disordered Li-excess

Li. 2 Nio. 3 3Tio. 33 Moo.14O 2 compound.17 If oxygen oxidation is to be avoided, transition metals

with lower disordered voltages such as Cr, Mn, Co and Fe may be preferable over Ni. On the

other hand, if oxygen oxidation were to be reversibly achieved without degradation of overall

performance, synthesizing disordered materials with a high 3+/4+ redox voltage may be a valid

design strategy.
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3.5 Conclusion

Using first principles calculations, this work demonstrated that, depending on the transition

metal species, cation disorder can result in an increase or a reduction of the average Li

intercalation voltage of lithium transition-metal oxides. Transition metals that have a higher

disordering energy in the MO 2 limit display larger average voltages than their ordered ground-

states, while transition metals that have a higher disordering energy in the LiMO 2 limit display

a lower voltage than their ordered ground-state. Cation-disorder can significantly alter the

average voltage of lithium transition metal oxides (AV between -0.3V and 0.6V) and can

therefore lead to significant changes in their voltage operating windows. In particular, the

disordered Ni3
+/4+ redox was found to be high (~4.4V), suggesting that it is likely to be

preceded by oxygen activity in disordered compounds. We also showed that compounds that

disorder in situ during delithiation have a lower voltage in their disordered form, while

compounds that disorder in situ during lithiation have a higher voltage in their disordered form.

Our work therefore establishes the first bases towards rational design of high-capacity Li-

excess disordered transition-metal oxides based upon voltage considerations.
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Chapter 4:

The effect of cation disorder on the

voltage profile of Li transition

metal oxides

4.1 Introduction

Cation disorder is a phenomenon that is becoming increasingly important in the field of Li-ion

batteries. As-synthesized disordered Li-excess rocksalts (Lij+xNbyMzO 2 [M=Mn, Fe, Co, Ni], 1

8,19 Li1 .2Nio. 33Tio.33Moo.140 2,17 Lii+.Ti 2xFei-3x0 2 20) were recently shown to achieve high

reversible capacity, paving the way towards a new design space of high-capacity Li-ion battery

cathodes. These high capacities are enabled by macroscopic Li transport through percolating

zero-transition-metal pathways, which remain active upon disorder.15 ,75 In situ cation disorder

also occurs in a large class of ordered materials, resulting in the formation of disordered bulk

phases (Lii. 2iiMoo. 467Cro.302,1 5 Li2VO3,1 6 LiCrO2,14, 7 6 LiO 96VO2,7 7 rutile TiO 2 78,79).

Furthermore, in situ cation disorder can also occur at the surface of ordered compounds as a

result of oxygen loss and transition metal migration, such as is the case for the NCA
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(LiNio.8 Coo. 2 Alo050 2)29 and Li-excess NMC (Li1+yNiCozMn2-y-w-zO2) compounds. 23,2 7,28

Understanding the effect of cation disorder on the voltage profile of transition metal oxides is

therefore critical, both to rationally design high-capacity disordered Li-excess rocksalts as well

as to predict the voltage evolution of ordered materials subject to in situ bulk or surface cation

disorder.

Cation disorder is expected to increase the voltage slope of lithium transition metal oxides, as

Li sees a variety of local transition metal environments in a disordered structure, and hence a

large variety of local Li chemical potentials. The voltage slope ( dV ) is a critical quantity for
dXLi

the design of cation-disordered rocksalts, as it controls the capacity accessible at voltages

below the stability limit of the electrolyte (nominally 4.5V for standard organic electrolytes, 3

limit which can be pushed to 4.7V with proper surface coatings). In this study, we develop

models based on first principles to understand the magnitude and the factors that control the

voltage slope of cation-disordered rocksalts. The effect of cation disorder on transition metals

undergoing a 3+/4+ redox reaction is investigated through a systematic study of first-row

LiMO 2 compounds (M=Ti, V, Cr, Mn, Fe, Co, Ni). Among these compounds, LiTiO 2 and

LiFeO 2, are known to disorder at solid-state synthesis temperature8 0 while LiVO 2 77 and

LiCrO 2
14

,7
6 can disorder upon cycling at room temperature. Co and Ni, although not found to

disorder in the stoichiometric LiMO 2 form, disorder as part of mixed transition metal systems

(LiMo. 5Tio.50 2 compounds, where M=Mn, Fe, Co, Ni). 82-8 s

Our work demonstrates that the voltage slope increase upon cation disorder is induced by a

statistical distribution of Li site energies and by the occupancy of tetrahedral sites by Li. We
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further show that short-range order, which is present in actual disordered materials, reduces the

voltage slope with respect to the fully random limit. Finally, we demonstrate that the voltage

slope increase upon disorder is generally smaller for high-voltage transition metals than for

low-voltage transition metals and that the additional tetrahedral capacity resulting from

disorder is smaller in Li-excess compounds than in stoichiometric compounds. This study

therefore provides critical insights for the design of high-capacity Li-excess cation disordered

rocksalts based upon voltage considerations.

4.2 Model

Cation disorder is defined as cation-mixing between the transition metal sublattice and the Li

sublattice of an initially ordered structure (e.g. the layered structure of Figure 4-1(a)). To

quantify the amount of cation-mixing, we further distinguish between partial (Figure 4-1(b))

andfull (Figure 4-1(c)) cation disorder. In the limit of fully disordered LiMO 2 rocksalts, Li and

M randomly occupy cation sites in the rocksalt lattice (Figure 4-1(c)). In this section, we

outline the factors that contribute to the voltage slope of cation disordered rocksalts. We

demonstrate that the voltage slope of cation disordered rocksalts is a combination of a

statistical distribution of site energies (controlled by the effective Li-M interaction, as defined

later in the text), interaction between adjacent Li sites (controlled by the effective Li-Va

interaction, as defined later in the text) and occupancy of high-voltage tetrahedral sites by Li.

We further explain how each contribution to the voltage slope can be quantitatively evaluated

using first principles calculations and a simple lattice model.
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Figure 4-1: Different levels of cation-disorder in LiMO 2 compounds (a) Fully ordered (e.g.
layered) LiMO 2 compound (the layers being the (111) planes of the FCC cation sublattice) (b)
Partially disordered compound (c) Fully disordered rocksalt.

We first consider the factors that control the voltage slope in ordered (e.g. layered) LiMO 2

compounds. In the layered structure, each Li site sees the same local transition metal

environment (six out of the twelve nearest neighbor sites are occupied by M, as indicated by

the red curve of Figure 4-2(b)-(i)). The site energy AEsite, which is defined as the Li

insertion/extraction energy when adjacent Li sites do not interact with each other, is uniform

across the structure due to the uniformity of the transition metal environment around each Li

site. In the absence of interactions between adjacent Li sites, the Li-Va binary system is

therefore an ideal solution, with a small 0. IV voltage slope induced solely by entropic effects

= -4kT 0.lV ). In practice, the voltage slope in the

layered structure is therefore controlled by the interaction between adjacent Li sites (or more

rigorously, by the effective Li-Va interaction, as will be defined later in the text). This
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interaction makes states of intermediate Li concentration thermodynamically favorable over a

linear combination of the LiMO 2 and MO 2 end-members (Figure 4-2(a)-(i)), by favoring Li-Va

pairs over a linear combination of Li-Li and Va-Va pairs. This in turn increases the voltage

(dV d2 G_'
slope, which is given by the curvature of the formation free energy curve d =- d 2

dxLi (dXdi)

Thus, the stronger the interaction between Li sites, the more stable states at intermediate

concentrations are, and the larger the voltage slope becomes (Figure 4-2(a)-(ii)) .

We now consider the factors that control the voltage slope in disordered structures. Cation

disorder creates a statistical distribution of local transition metal environments around Li sites.

Figure 4-2(b)-(i) (black curve) shows the probability that, out of the 12 nearest neighbors of a

given Li atom, Z" neighbors be transition metals. This variety of local environments results in

a spread of Li site energies (controlled by the effective Li-M interaction, as defined later in the

text), characterized by a standard deviation UAE ,,. Cation disorder therefore creates a voltage

slope even in the absence of interaction between Li sites (Li sites with high AEsite are extracted

first, followed by sites with low AEsit,). The interaction between Li sites further contributes to

increase the voltage slope, by favoring Li-Va pairs over phase-separated Li-Li and Va-Va pairs.

In disordered structures, the net voltage slope is therefore a combination of both the site energy

distribution and the effective Li-Va interaction, as illustrated in Figure 4-2(b)-(ii). Disordering

a layered compound is therefore expected to lead to a voltage slope increase.
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disordered compounds: (i) The statistical distribution of local environments around Li sites

results in a statistical distribution of AEsite and (ii) Both JL-Va and aoEj (the standard

deviation of AEsit,) contribute to the voltage slope. (c) High-voltage tetrahedral sites can be

occupied by Li when all face-sharing octahedral sites are vacant (i) This can occur in
disordered LiMO2 compounds via delithiation of "0-TM" tetrahedral sites, but not in the
(stoichiometric) layered structure, as each tetrahedral site has at least one transition metal
neighbor. (ii) Tetrahedral Li occupancy leads to a voltage increase at the end of charge, and a
corresponding lowering of the voltage everywhere else to conserve the average voltage.

Cation disorder also leads to occupancy of high-voltage tetrahedral sites by Li (Figure 4-2(c)).

Tetrahedral sites are energetically favorable over octahedral sites if all face-sharing octahedral

sites are vacant. Occupancy of tetrahedral sites by Li creates a high-voltage region in the

voltage profile, as is observed in cation-mixed LiNio 5Mno. 502 96 and spinel LixMnO2 (in the

XL1=[O, 0.5] range 97). Only tetrahedral sites that respect the "0-TM" condition's in the lithiated

form of the compound can be occupied by Li upon delithiation (Figure 4-2(c)-(i)). After

extraction of three out of the four face-sharing Li around such 0-TM tetrahedral sites, the

remaining Li migrates into the tetrahedral site, where it sits at a high voltage. The 0-TM

condition is never met in the (stoichiometric) layered structure, as each tetrahedral site has at

least one transition metal neighbor (Figure 4-2(c)-(i)). Cation disorder, however, creates a

statistical distribution of metal environments around tetrahedral sites, such that the 0-TM

condition can be met with a certain probability. The effect of tetrahedral occupancy on the

voltage profile of cation-disordered rocksalts is schematically illustrated in Figure 4-2(c)-(ii).

Note that the presence of a high voltage region at the end of charge is accompanied by a

lowering of the voltage everywhere else, to conserve the average voltage (which only depends

on the free energy of the LiMO2 and MO2 end-members).

In order to quantitatively evaluate the voltage slope of cation-disordered rocksalts, the standard
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deviation of the site energy distribution, the interaction between Li sites and the high-voltage

capacity resulting from tetrahedral Li occupancy are evaluated from first principles. Cluster

expansions based on pair interactions are developed to evaluate the voltage slope arising from

Li insertion in octahedral sites (capturing the combined effect of the site energy distribution

and the interaction between Li sites), while the additional effect of tetrahedral Li occupancy on

the voltage profile (XLi,tet and AVtet in Figure 4-2(c)) is estimated from probability theory and

from first principles evaluations. These methods are detailed in the following paragraphs.

Cluster expansions 64 -6 6,88
,
9 8 allow to map the energy of any Li-M-Va configuration in

disordered LixMO 2 onto a finite set of Effective Cluster Interactions (ECI's). In this work, pair-

wise cluster expansions are used to evaluate the voltage slope associated with Li insertion into

octahedral sites. In order to take advantage of the cluster expansion framework, the site energy

AE it, and the interaction between adjacent Li sites must be expressed in terms of Effective

Cluster Interactions, which are then fitted to a set of energies obtained from first principles.

Under a pair term approximation, the energy landscape in a Li-M-Va system is entirely

described by three effective cluster interactions: the effective Li-M interaction (P'~M), the

effective Va-M interaction (JP-M) and the effective Li-Va interaction (Ji-Va) These effective

interactions can be expressed as combinations of all possible pair energies on the lattice (EL'-m,

Ea-M, ELi-Va, ELi-Li, Ea-Va, EM-M

E ~ ) +EB-B
-2J A-B = EAB - (45)
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Where A and B can be either Li, M or Va. Now consider a disordered rocksalt in which the

transition-metal positions are random but fixed. Limiting the interaction between Li sites to the

nearest neighbor shell, the energy of a given Li/Va configuration in the Li/Va sublattice can be

written as :

(c) AE ite Oi + JL-Vaaioj (46)
1 i,jE- nn pairs

Where oi is the occupation of site i on the Li/Va sublattice (Oi = {1,-l} for {Li,Va}), AE ite is

Li-Va
the site energy of site i and Jnn is the interaction term between adjacent Li sites. More

Li-Vaprecisely, Ji is the nearest neighbor effective Li-Va interaction, which captures the

preference for Li-Va pairs over phase-separated Li-Li and Va-Va pairs (equation (45) with

A=Li and B=Va).

The site energy AE ite is defined as the Li insertion energy when adjacent Li sites do not

Li Va
interact with each other ( JL- = 0 ). It can be expressed terms of the following lattice pair

energies:

Si)ZM E fa - ) - Zk
AEsite = Z 'Egi- - E2- (Eff- - Ekav (47)

Neighbor shell k
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Where the subscript k denotes the kth neighbor shell, Zk is the total coordination number of the

k'h neighbor shell and ZM' (') is the number of transition metals around site i in the k'h neighbor

shell. The site energy can be re-expressed in terms of the effective Li-M and Va-M interactions

via the following relation:

AE ite = --2Z ('-J~ - a-) +C (48)
Neighbor shell k

Where C is a constant chemical potential shift that defines the chemical potential reference (set

to zero for Li metal). The site energy therefore emerges as the difference between the effective

Li-M interaction and the effective Va-M interaction over several neighbor shells, which we will

simply refer to as the "effective Li-M interaction" in the rest of the text. After obtaining

suitable values for JLi-Va Li-M and Ja-M, the lattice model can be combined with Monte

Carlo simulations to determine the open circuit voltage profile V(XLi) and hence the voltage

slope dV Note that all octahedral voltage slopes reported in this Chapter are obtained by
dxLi

performing a linear fit to the voltage curve in the xL=[0.2 5 , 0.75] capacity range.

1L5Va is fitted to the slope of the layered structure. The lowest-energy LiMO 2 configurations

(x=O, 0.25, 0.5, 0.75, 1) are identified among all structures containing up to four formula units

of LixMO 2 (this size limit ensures that known ground-states on the layered structure are

captured99 ). Energy evaluations are performed within the Hubbard-U corrected Generalized

Gradient Approximation (GGA+U) to Density Functional Theory (DFT), using the PBE
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exchange-correlation functional.58 ,87 The U parameters are extracted from the work of Jain et

al. 61

JD-~ and Jva-M are obtained by fitting two pair-based cluster expansion: one for Li/M

occupancy in disordered LiMO 2 and one for Va/M occupancy in disordered MO 2. The structure

set on which the fit is performed is the set of all periodic cation-mixed structures with unit cells

containing up to four formula units of LiMO 2 (i.e. eight cations). This subset of 121

symmetrically distinct structures includes all experimentally observed structures in the LiMO 2

rocksalt lattice, including the layered, y-LiFeO 2, orthorombic and spinel structure. Only

structures that map onto the FCC rocksalt lattice, where both Li/Va and M atoms are

octahedrally coordinated by oxygen, are considered in the fit, i.e. structures where transition

metals migrate to tetrahedral sites are not included. Structures where 0-0 bonds form are also

disregarded, as GGA+U is known to overstabilize 0-0 bonding. The fit is obtained by

considering pair interactions up to the fifth neighbor. The cluster expansion fits are performed

within the compressive sensing paradigm, using the split Bregman algorithm. 66

In this study, we therefore limit the lattice model for Li insertion into octahedral sites to pair

interactions. The accuracy of this approximation can be assessed by comparing the predictions

of the pair term model with alternate methods using higher order interactions (see the

Appendix of this chapter). In the Appendix of this Chapter, we demonstrate that Monte Carlo

sampling on fully lithiated and fully delithiated supercells is able to extract the standard

deviation of the site energy distribution (orAE, ) in the random limit using cluster expansions

containing higher order interactions (including triplets and quadruplets interactions, as detailed

in Chapter 3). We find that the pair term model correctly predicts the (site-energy induced)

91



voltage slope of fully disordered LiMO 2 to within 0.2V, which leads to an uncertainty of 0.1 V

in the high voltage limit and therefore constitutes a good approximation (c.f. Figure 4-7 in the

Appendix of this Chapter).

We further estimate the additional voltage step induced by tetrahedral Li occupancy (AVtet in

Figure 4-2(c)-(ii)) based on the spinel structure. The topology of the spinel structure is such,

that at xLi=0.5, all Li atoms occupy 0-TM tetrahedral sites.97 Tetrahedral Li occupancy

therefore induces a high-voltage region in the xLi-[O, 0.5] range. Using Density Functional

Theory, we can compare the voltage plateau arising from tetrahedral occupancy with the

voltage plateau arising from octahedral Li occupancy in the same concentration range. The

difference between these two voltage plateaus can be used to estimate the voltage slope

increase in disordered rocksalts resulting from tetrahedral Li occupancy (AVetin Figure

4-2(c)-(ii); more details are given in Figure 4-7 of the Appendix of this Chapter). The capacity

resulting from tetrahedral Li occupancy (XLi, tet ) can then be calculated from probability

arguments (method detailed in the Results section).

Using the model described above, the voltage slope can be evaluated for both fully disordered

(i.e. random) LiMO 2 as well as for practical disordered LiMO 2 compounds containing a certain

degree of short-range order. The method for determining short-range order is presented in the

Results section.
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4.3 Results

4.3.1 Octahedral Li occupancy

In this section, we consider the contribution of octahedral Li insertion to the voltage slope of

fully disordered LiMO 2 compounds. We first consider the effect of the site energy distribution

on the voltage profile. The black curves of Figure 4-3(a) illustrate two voltage profiles, for

LiTiO2 and LiNiO 2 respectively, in the absence of the effective Li-Va interaction. The

difference in the site-energy induced voltage slopes between these compounds is large,

suggesting that the site energy contribution to the voltage slope strongly depends on the

transition metal. The black bars of Figure 4-3(a) show the site energy contribution to the

voltage slope for different transition metals. This slope varies between extremal values of 2.1 V

for LiTiO 2 and 0.5V for LiNiO 2. Figure 4-4(a) shows the relationship between the (site-

energy induced) voltage slope and the average voltage of disordered LiMO 2 compounds. It

is found that high-voltage transition metals generally have a lower (site-energy induced)

voltage slope than low voltage transition metals (Figure 4-4(b)). This inverse correlation is

favorable for the design of high-voltage cation-disordered rocksalts, as a high average voltage

and a low voltage slope are simultaneously desirable to access maximal capacity at high

energy. The origin and implication of this inverse correlation are discussed further in the

Discussion section of this Chapter.
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Figure 4-3: (a) Illustration of the voltage profile of fully disordered (i) LiTiO 2 and (ii) LiNiO 2

when Li insertion is restricted to octahedral sites. The black curves show the site energy
contribution to the voltage slope, while the red curve shows the combined effect of AEsie and

JiL-Va (b) Additional high-voltage contribution resulting from tetrahedral site occupancy in

disordered LiMO 2 (AVetC in Figure 4-2(c)), as determined from the spinel structure.
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voltage compounds, as evidenced by the dashed trend line (c) Octahedral voltage slope
increase upon full disorder of an initially layered LiMO 2 compound. The voltage slope increase
is smaller for high-voltage compounds, due to the smaller effect of the site-energy induced
slope. (d) Voltage range of fully disordered LiMO 2. The red bar represents the voltage range
associated with octahedral Li insertion, while the blue bar highlights the additional high
voltage contribution associated with insertion of Li in tetrahedral sites. The dashed line
represents the 4.5V line, which represents a lower bound for the electrolyte stability limit.

We now consider the additional effect of the effective Li-Va interaction on the voltage slope of

fully disordered LiMO 2. The calculated voltage slope of the layered structure, on which the

effective Li-Va interaction 11-Va is fitted, is given in Table 4-1.

Table 4-1: Calculated voltage slope of the layered structure in first row LiMO 2 compounds

(M=Ti, V, Cr, Mn, Fe, Co, Ni) (PBE+U)

LiTiO2  LiVO 2  LiCrO2  LiMnO 2  LiFeO 2  LiCoO 2  LiNiO 2

Slope (V) 0.85V 0.75V 1.05V 0.50V 0.60V 0.60V 0.70V

The red curves of Figure 4-3(a) illustrate the combined contribution of AEsite and of the

effective Li-Va interaction on the voltage profile of fully disordered LiTiO 2 and LiNiO 2. The

presence of the effective Li-Va interaction increases the voltage slope, while keeping the

average voltage constant. The combination of the black and red bars in Figure 4-3(a) shows

the voltage slope associated with Li insertion in octahedral sites for different transition metals,

when both the site energy distribution and the effective Li-Va interaction are taken into

account. The effect of the Li-Va interaction on the voltage slope is found to be proportional to

the slope of the layered structure reported in Table 4-1. It is strongest for LiCrO 2 (layered
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slope of 1.05V) and lowest for LiMnO 2 (layered slope of 0.5V). The strong Li-Va interaction in

the Cr system is responsible for the higher octahedral voltage slope of disordered LiCrO 2 with

respect to other high-voltage transition metals (Mn, Fe, Co, Ni) and also accounts for the

higher octahedral voltage slope of LiCrO 2 with respect to LiVO 2, despite LiVO 2 having a

larger site-energy induced voltage slope due to its lower average voltage.

Figure 4-4(c) illustrates the increase in voltage slope resulting from full disorder of an initially

layered LiMO 2 compound. The voltage slope increase upon disorder is found to inversely

correlate with the average voltage of the disordered structure, in a manner similar to that of the

site energy (Figure 4-4(c)). This indicates that the octahedral voltage slope increase upon

disorder is largely attributable to the creation of a site energy distribution resulting from Li-M

interactions.

The voltage range for octahedral Li insertion in fully disordered LiMO 2 is illustrated by the red

bars of Figure 4-4(d) (this voltage range is defined by [v - 2+ , 2 + , where V is the

average voltage) . As a result of the smaller site energy contribution to the voltage slope, high-

voltage transition metal compounds are found to only have a small amount of capacity above

the 4.5-4.7V stability limit of the electrolyte, with the exception of LiNiO 2 which has a high

average voltage in its disordered form.100 For all transition metals except Ni, cation disorder

therefore does not lead to significant inaccessible octahedral Li capacity. (It is to be noted that,

in the case of LiCrO 2, disorder also leads to an average voltage decrease of ~0.3V with respect

to the layered ground-state (cf Chapter 3). 100 This decrease partially accounts for the small

capacity observed above 4.5V in this compound).
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4.3.2 Tetrahedral Li occupancy

In addition to octahedral sites, Li can also occupy tetrahedral sites in disordered structures.

Probability arguments can be used calculate the tetrahedral Li capacity in a fully disordered

LiMO 2 rocksalt. In a fully lithiated LiMO 2 rocksalt, each cation site can be occupied by Li

with a probability of I. The probability for a given tetrahedral site to respect the 0-TM
2

condition is therefore (,4. Furthermore, there are 2 tetrahedral sites per cation site, or 4

tetrahedral sites per formula unit of LiMO 2 . The maximal tetrahedral capacity in fully

disordered LiMO 2 is therefore 0.25 formula units (f.u.) of Li:

Tetrahedral Capacity (fully disordered LiMO 2 )= 4 (1)4 = 0.25 (49)

Figure 4-3(b) shows the scale of the voltage increase at the end of charge resulting from Li

occupancy of tetrahedral sites, as determined from the spinel structure. The resulting voltage

increase is found to be on the order of 0.3V-0.5V, depending on the transition metal. This

additional contribution therefore leads to up to 25% capacity outside the 4.5V-4.7V stability of

the electrolyte for high-voltage transition metals (blue bars of Figure 4-4(d)).
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4.3.3 Effect of short-range order

In practice, cation-disordered rocksalts are not random but in fact exhibit a certain degree of

short-range order.82 The degree of short-range order resulting from an order-disorder transition

at high synthesis temperatures can be computationally evaluated using Monte Carlo annealing

simulations (Figure 4-5(a)). This is made possible by the use of LiMO 2 cluster expansions

which accurately reproduce the LiMO 2 ground-state structure while predicting the energy of

any given Li/M ordering to within -25 meV/cation (cf Chapter 3). For all transition metals, it

is found that the energy of thermally disordered structure is lower than the energy of the fully

random structure, indicating that a certain amount of short-range order is still present upon

thermal disorder. In the case of LiFeO 2, for example, the energy of the disordered structure

(referenced to the ground-state energy) is only 60% that of the random structure at 200K above

the temperature of the order-disorder transition.

Short-range order affects the site energy distribution (oA,,, in the random limit, as in Figure

4-2(b)-(i)) by reducing the spread of local environments around Li sites. As a result, the voltage

slope is expected to decrease, with a stronger effect expected in compounds that have a large

site energy distribution (i.e. low-voltage compounds). To illustrate this, Figure 4-5(b)-(c) show

the voltage profile of LiTiO 2 and LiMnO 2 in the fully disordered and short-range ordered

cases, as obtained from Monte Carlo annealing (octahedral Li insertion only). LiTiO 2 has a

much larger voltage slope in the disordered form than LiMnO 2 (cf Figure 4-5(a)).

Consequently, Figure 4-5(b)-(c) demonstrate that the voltage slope decrease upon cation

disorder is also more pronounced for LiTiO 2 (slope decrease of 0.8V) than for LiMnO 2 (slope

decrease of 0.25V).
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Figure 4-5(d) shows the octahedral Li capacity above 4.5V for fully disordered and short-

range ordered high-voltage Li(Fe, Ni)0 2, as obtained from Monte Carlo annealing. Fully

disordered Li(Fe,Ni)0 2 respectively exhibit -0.2 and ~0.4 formula units of Li above 4.5V. Note

that other high-voltage Li(CrMn,Co)0 2 compounds have minimal capacity above 4.5V even in

the fully random limit (<0.07 f.u.) and are not illustrated in the figure. It is found that short-

range order results in ~0.1 additional f.u.'s of Li available below 4.5V in disordered LiFeO 2

and LiNiO 2. Short-range order also decreases the accessible tetrahedral Li capacity with

respect to fully disordered compounds for all transition metals. While 25% of the total capacity

is accounted for by tetrahedral Li occupancy in fully disordered (i.e. random) LiMO 2, it

accounts for only 8-18% in thermally disordered compounds (Figure 4-5(e)). In general, short-

range order therefore leads to more Li capacity accessible below the stability limit of the

electrolyte in high-voltage transition metal oxides.

4.3.4 Effect of Li-excess on tetrahedral capacity

The previous sections have demonstrated that tetrahedral Li capacity can play an important role

in determining the high voltage capacity of cation-disordered rocksalts. In practice, cation-

disordered rocksalts require Li-excess (y~0.2 in Li1+yM 1 yO 2) to sustain macroscopic Li

diffusion.15, 75 An important question that needs to be answered is therefore how Li-excess

affects the relative octahedral and tetrahedral Li capacity in disordered Li-excess rocksalts.
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Figure 4-6(b) shows the breakdown of octahedral and tetrahedral Li capacity in a fully

disordered rocksalt, as a function of the Li-excess level (y in Li+yMIyO 2). In the absence of

Li-excess (y=O), octahedral capacity accounts for 0.75 formula units (f.u.) of Li in a fully

disordered LiMO 2 rocksalt, while tetrahedral capacity accounts for 0.25 f.u. of Li. As the Li-

excess level is increased, the probability for a given tetrahedral site to be a zero-TM site

102

U Layered U Fully disordered

p -
- U U -

* U U

0



increases. The absolute capacity resulting from tetrahedral occupation in the presence of Li-

excess can be obtained by performing the substitution I- 1 +Y in equation (49) (the
2 2

probability for a given cation site to be occupied by Li is I+ in fully disordered LiyM_
2

yO2). The result is given in equation (50):

Tetrahedral Capacity (fully-disordered Li~y M 1-yO2 ) = 4(1 Y) (50)

While the capacity resulting from tetrahedral Li occupancy increases, the total Li content in the

compound also increases (1+ y) . The octahedral capacity in a fully disordered LiMO 2

compound therefore decreases slower than the rate of increase of the tetrahedral capacity. The

expression of the octahedral capacity at a given Li-excess level is given in equation (51) and

the numerical values are illustrated in Figure 4-6(b).

Octahedral Capacity (fully-disordered Lij+YM 1 yO 2 ) = (1 +y) -4 ) (51)

The octahedral capacity in a fully disordered Li1 .2MO.80 2 compound (y=0.2 ) is smaller than the

octahedral capacity in a fully disordered LiMO 2 compound by only 0.07 f.u. of Li (Figure

4-6(b)). Based on this analysis, to cycle 1 f.u. of Li in a fully disordered Lil.2MO.80 2 compound

(-280 mAh/g), about -90 mAh/g is expected to originate from tetrahedral Li sites.
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Furthermore, the amount of octahedral Li capacity lost upon cation disorder decreases as the

Li-excess level increases. To show this, we calculate the octahedral capacity in layered

Lil+yMI1yO2 and compare it with the octahedral capacity previously obtained for fully-

disordered LilyMi-yO2. In a layered Lii+yMI1yO2 compound, one layer is entirely filled by Li,

and the remainingy formula units of Li are distributed in the transition metal layer. In this

work, we make the approximation that excess Li is randomly distributed in the transition

metal layer, such that the probability for a cation site in the M layer to be occupied by Li is

simply equal to y. (It is to be noted, however, that the exact structure of layered Li-excess

compounds is an object of intense debate in the literature. 2 8 0 1 The disappearance of

superstructure peaks after the first charge of layered Li1+yMIyO2,101 however, suggests that a

random distribution of Li site is a reasonable approximation.)

Because of Li-excess, some tetrahedral sites will respect the 0-TM condition even in the

absence of cation disorder. Tetrahedral sites in the Li layer, which are coordinated by 3 Li

and 1 M in the stoichiometric form, have a probability P(0 - TM) = (1)3 (y) to respect the

0-TM condition in the presence of Li-excess. Tetrahedral sites in the M layer, which are

coordinated by 1 Li and 3 M in the stoichiometric form, have a probability

P(0 - TM) = (1)(y)3 to respect the 0-TM condition in the presence of Li-excess. The total

tetrahedral capacity in layered Lil+yMI1yO2 is therefore given by:

Tetrahedral Capacity (layered Lil+YMI1 yO 2 ) = 2 (1)3(y) + (1) (y)3] (52)
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Note that the factor of 2 accounts for the fact that there are two tetrahedral sites per cation site.

Finally, the octahedral capacity in layered Li1+yM1 -yO 2 is:

Octahedral Capacity (layered Liy M,_O2 ) = (1+ y) - 2 [(1)3(y)+(1)(y) (53)

Figure 4-6(c) compares the octahedral capacity in layered and fully disordered Lil+yMIyO 2

(via equations (51) and (53)). In both cases, the octahedral capacity decreases with Li-excess.

But interestingly, the difference in octahedral capacity between the layered and the fully

disordered structure also decreases with the amount of Li-excess. This is illustrated in Figure

4-6(d), which shows the octahedral capacity lost upon full disorder of an initially layered

structure as a function of Li-excess. While 0.25 f.u. of octahedral capacity is lost to tetrahedral

sites upon full disorder in layered LiMO 2, only 0.1 f.u. of Li is lost to tetrahedral sites upon

disorder in layered Li1 .2MO.802. This suggests that Li occupancy of tetrahedral sites is a general

feature of Li-excess materials, regardless of the amount of cation disorder. The voltage slope

increase resulting from the availability of additional tetrahedral Li sites upon disorder is

therefore expected to be less pronounced in Li-excess compounds than in stoichiometric

compounds.

4.4 Summary and Discussion

This work demonstrated that the voltage slope of cation-disordered rocksalts is a combination

of the Li site energy distribution (controlled by Li-M interactions), the effective Li-Va

interaction and the occupancy of tetrahedral sites by Li. It was found that the voltage slope
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increase upon disorder is generally smaller for high-voltage transition metals than for low-

voltage transition metals. Short-range order in practical disordered compounds was found to

reduce the voltage slope with respect to fully random structures by narrowing the width of the

site energy distribution as well as via a decrease in the availability of tetrahedral sites. Finally,

it was found that the additional tetrahedral capacity resulting from disorder is smaller in Li-

excess compounds than in stoichiometric compounds.

The inverse correlation between the average voltage and the voltage slope increase upon

disorder (Figure 4-4(c)) is beneficial for the design of high-capacity disordered rocksalts, as a

high average voltage and a moderate voltage slope are simultaneously desirable to access a

maximum of capacity at high voltage. This trend can be attributed to the site energy

contribution to the voltage slope (Figure 4-4(b), controlled by the effective Li-M interaction)

and can be qualitatively explained by the relative positions of the transition metal 3d bands and

the oxygen 2p bands. As the atomic number of the transition metal increases, the energy of the

metal 3d band decreases, resulting in a higher average voltage (higher M3
+/4+ extraction

energy). 86 Simultaneously, as the energy difference between the metal 3d and oxygen 2p bands

decreases, the bonds between transition metal and oxygen atoms become more covalent,

leading to a more effective screening of the M3
+/4+ charge by oxygen electrons. 86 This more

effective screening reduces the energy dependence of Li on its environment, as the energy

difference between Li sites with a large number of transition metal neighbors (resulting in high

electrostatic repulsion between Li3+ and M3+/4+ cations) and Li sites with a small number of

transition metal neighbors (resulting in low electrostatic repulsion) decreases (cf Figure

4-2(b)-(i)). This in turn leads to a decrease in the voltage slope.
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This inverse correlation is consistent with the limited amount of electrochemical data currently

available on cation-disordered rocksalts. The only disordered rocksalt that has been partially

cycled in the LiMO 2 family is disordered LiTiO 2, which is formed in situ during cycling of

rutile TiO 2.78-79 Particle nano-sizing allows for small diffusion lengths (as low 10 nm 78
,
79),

which partially compensate for the poor diffusivity of Li in stoichiometric disordered LiMO 2

rocksalts.15 ,75 After first discharge, during which disordered LiTiO 2 is formed, the voltage

profile changes and the voltage range upon cycling of 200 mAh/g of Li (LiTiO 2 <=> Lio.4TiO2)

is found to be on the order of 2V.78,79 The voltage range measured in this compound cannot

provide a reliable reference for the open circuit voltage slope of disordered LiTiO 2, as only

60% of the capacity can be cycled and as significant hysteresis is present in the voltage profile.

Nevertheless, this large voltage slope is in qualitative agreement with our predictions for

LiTiO2 (2.9V slope for octahedral Li insertion in fully disordered LiTiO 2). Another low voltage

system that undergoes a single redox step, Lil,VO 3 (V
4

'/5+),16 cycles I f.u. of Li in a -1.5V

voltage range (based on the discharge data), at an average voltage of -2.5V . On the other

hand, higher voltage redox such as the Ni2
+/

3+ in Li1 .2Nio.3 3Tio.33Moo. 1402 17 and the M3+/4+ or

M2+/4+ redox in Lil.3NbyMxO 2 (M=Mn, Fe, Co, Ni)18 all occur in a voltage range smaller or

equal to IV (based on the first charge data). These observations agree with the predicted

inverse correlation between the average voltage and the voltage slope of cation-disordered

compounds. Interestingly, within the Li1 .3NbyMxO 2 family (M=Mn, Fe, Co, Ni), it can be

observed that the transition metals with the lowest average voltage also have the largest voltage

slope, and vice-versa (based on the transition metal redox as observed on first charge). 18

With the exception of Ni, our model predicts that octahedral Li occupancy in high-voltage

LiMO 2 (Cr, Mn, Fe, Co) does not result in significant capacity above the stability limit of the
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electrolyte (~4.5-4.7V). This is largely due to the smaller spread of site energies in high-

voltage transition metals. However, the availability of tetrahedral site upon delithiation

contributes to a high-voltage region at the end of charge. By estimating the stabilization

resulting from tetrahedral Li occupancy by the corresponding stabilization in the stoichiometric

spinel structure, we find that the voltage increase at the end of charge resulting from tetrahedral

Li extraction is on the order 0.3V-0.5V and accounts for 25% of the total capacity in fully

disordered LiMO 2. This investigation therefore highlights the importance of tetrahedral

capacity to the voltage profile of cation-disordered high-voltage transition metal oxides.

In practice however, cation-disordered rocksalts are not fully random. This was demonstrated

for temperature-driven cation disorder of LiMO 2 compounds, where the energy of the

disordered state is smaller than that of the fully random structure. Short-range order decreases

the voltage slope with respect to random cation occupation, by reducing the spread of local

transition metal environment around Li sites as well as by decreasing the number of tetrahedral

sites accessible upon delithiation. Short-range order is therefore an important parameter for the

design of high-voltage cation-disordered rocksalts. The synthesis of partially disordered

compounds, for example, could both leverage the benefits of disordered rocksalts (high

mobility at the top of charge) while minimizing the voltage slope increase upon disorder.

In practice, cation-disordered rocksalts require Li-excess to sustain macroscopic diffusion

(y~0.2 in Li1+yM 1 yO2).10,1 5 The effect of Li-excess on the relative amount of octahedral and

tetrahedral Li capacity was studied using probability theory. While the absolute amount of

available tetrahedral sites increases upon introduction of Li-excess, the amount of octahedral

capacity lost upon cation disorder decreases with the amount of Li-excess. This suggests that
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the Li occupancy of tetrahedral sites is a general feature of Li-excess materials, regardless of

the amount of cation disorder. The voltage slope increase resulting from additional availability

of tetrahedral sites upon cation disorder is therefore expected to be minimal in Li-excess

systems.

4.5 Conclusion

In this Chapter, we developed a model based on first principles to evaluate the voltage slope of

stoichiometric cation-disordered lithium transition metal oxides. Our study demonstrated that

high-voltage transition metals generally have a lower voltage slope than low-voltage transition

metals and therefore have minimal Li capacity above the electrolyte stability limit (with the

exception of LiNiO 2, which has a high average voltage in its disordered form). Cation disorder

however leads to occupation of tetrahedral sites by Li, sites which are otherwise inaccessible in

the stoichiometric layered structure. The availability of tetrahedral Li sites results in an

additional high-voltage region outside the stability range of the electrolyte and can

significantly affect the accessible capacity upon cycling.

Short-range order in practical disordered compounds mitigates the voltage slope increase by

reducing the amount of local environments around Li sites, as well as by decreasing the

availability of tetrahedral sites. Furthermore, the amount of octahedral capacity lost upon

disorder decreases with the introduction of Li-excess, which is required to enable macroscopic

diffusion in disordered rocksalts. Our work therefore provides critical insights for the design of

high-capacity Li-excess cation-disordered rocksalts based upon voltage considerations.
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4.6 Appendix

4.6.1 Pair term approximation for AEsite

The validity of the pair term approximation for the site energy distribution can be evaluated by

considering the effect of higher-order interactions (i.e. triplet and quadruplet ECI's) on the site

energy distribution. The standard deviation of the probability distribution P(AEi,,) can be

obtained by fitting binary cluster expansions of higher complexity in the LiMO 2 and MO 2

limits (respectively for Li/M and V/M disorder) and using a Monte Carlo method to assess the

standard deviation of the site energy, oE," . This Monte Carlo method consists in calculating

the energy for full Li extraction in randomly populated large supercells containing N formula

units of LiMO 2 ((E i, -EM02 )supercel ). This is equivalent to sampling the sum of N statistically

independent site energies. oAE,, can then be obtained via the relation .

UAE,. Var (E superceII (54)
site NLi

The slope of the voltage profile can be estimated by assuming a Gaussian distribution. In this

case, the voltage slope and the standard deviation are related by:

dV I =y AEsi.e 
(55)

dXLi x1 2=0.5
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The cross-validation score of the LiMO 2 and MO 2 cluster expansions are such that the average

voltages of the input LiMO 2 structures that are used to perform the fit is between 0.08V-1.2V,

depending on the transition metal. The standard deviation, being a statistical quantity over a

large number of local environments, is however predicted with higher accuracy than the

voltage of a given structure. By performing multiple cluster expansions on the same systems,

we find that the uncertainty on o-AES,, is at most on the order 0.06V. Using the Gaussian

scaling in equation (55), we find that the uncertainty on the predicted voltage slope is ~

0.15V. We find that the pair term model correctly predicts the (site energy induced) voltage

slope of fully disordered LiMO 2 to within 0.2V, resulting in a satisfying uncertainty of 0.1 V at

Slope - Slope
high voltage (the voltage range being given by AV - ,AV+ ) ( Figure 4-7).

2 2]
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Figure 4-7: Accuracy of the pair term approximation for fully disordered LiMO 2 . The blackcolumns constitute the site energy induced slope using higher order interactions, while the redcolumns show the corresponding predictions by only considering pair terms.

4.6.2 Determining AV' from the spinel structure

We estimate the additional voltage step induced by tetrahedral Li occupancy (AVteI in Figure

4-2(c)) based on the spinel structure (Figure 4-8). The topology of the spinel structure is such,
that at xL,=0.5, all Li atoms occupy 0-TM tetrahedral sites. Tetrahedral Li occupancy therefore

induces a high-voltage region in the x1 i=[O, 0.5] range. Using Density Functional Theory, we
can compare the voltage plateau arising from tetrahedral occupancy with the voltage plateau

arising from octahedral Li occupancy in the same concentration range. The difference between

these two voltage plateaus can be used to estimate of the voltage slope increase in disordered

rocksalts resulting from tetrahedral Li occupancy .
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Figure 4-8: Estimating the voltage increase resulting from tetrahedral Li occupancy (AVtet in

Figure 4-2(c)) using the spinel structure. (a) Delithiation of the spinel LiMO 2 structure along

the tetrahedral and octahedral pathways (Li is green, M is gray and 0 is red) (b) Energy hull of

spinel LixMO 2 along the tetrahedral and octahedral pathways (XLi=O, 0.5, 1) (c) The difference
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in the high voltage step of the octahedral and tetrahedral pathways, labeled AV ''in the plot, is
used to estimate the scale of the voltage increase at the end of charge in disordered structures
resulting from tetrahedral Li occupancy (AVtet in Figure 4-2(c)).
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Chapter 5:

Thermodynamic Stability of

Intermediate Solid Solutions in

LiFePO 4 nano-particles

5.1 Introduction

LiFePO 4 is an important commercial cathode material for Li-ion batteries due to its safety,30

reasonable energy density (170 mAh/g, 3.4 V vs. Li/Li+),31 and high-rate capability. 36-40

Capacities as high as 130 mAh/g have been achieved at a 50 C rate (where n C corresponds to

full (dis)charge in 1 / n hours), and rates as high as 200 C and 400 C have been achieved by

removing kinetic limitations at the electrode level. These high rates are accessible only when

the particle size is reduced to the nano-scale (~50-100 nm), a limitation that has been attributed

to reduced Li mobility due to channel-blocking anti-site defects that are present in larger

particles. 35 ,41,42 However, the mechanism by which pristine nano-sized particles achieve high

rates given their equilibrium two-phase behavior (LixFePO 4 4 xLiFePO4 + (1 -x)FePO 4) is still

an object of debate in the LiFePO4 research community.

Early lithiation models of LiFePO 4 single particles predicted lithiation to be initiated by a
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nucleation event3 1 ,4
3-46 followed by two-phase growth along the elastically favorable

crystallographic bc plane. 4 5 ,4 6 However, while nucleation can occur during chemical

delithiation due to the high overpotentials associated with the chemical reagents (-1.5V' 0 2),

overpotentials in practical electrochemical conditions are much lower and thus unlikely to

provide enough driving force to overcome the nucleation barrier required to form the critical

nucleus. 47 (Overpotentials as low as 20mV are sufficient to cycle entire electrodes 48).

A solution to the apparent discrepancy between the high-rate capabilities and the the two-phase

nature of LiFePO 4 was first proposed by Malik et al. 47 49 Using Density Functional Theory

(DFT), the authors identified a non-equilibrium solid-solution pathway accessible at low

overpotentials (~30mV), which circumvents the kinetically prohibitive nucleation step and

enables homogeneous lithiation at low overpotentials. Since then, with the development of

advanced in situ characterization techniques, the presence of solid-solution states during

electrochemical (de)lithiation has been experimentally demonstrated. Several in situ X-Ray

Diffraction (XRD) experiments have identified lattice parameters intermediate to those of the

equilibrium FePO 4 and LiFePO4 phases, at (dis)charge rates varying from 0.1 C to 60 C.s- 5 3 A

recent in situ Transmission Electron Microscopy (TEM) experiment has also observed a ~20

nm solid-solution zone in micron-sized LiFePO 4 nanowires.1 03 It has therefore clearly been

established that solid-solution states can play, in various forms, a critical role in the

electrochemical (de)lithiation of single LiFePO 4 particles.

A key mystery that remains to be elucidated, however, is the persistence of solid-solution states

in single particles at low-to-moderate C-rates, (for example, rates in the 0.1 C - 5 C range).

First principles calculations performed in this chapter indeed show that homogeneous solid-
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solution states are thermodynamically unfavorable over two-phase coexistence in particles

larger than 10 nm. Moreover, due to the concave shape of the non-equilibrium solid-solution

free energy, homogeneous solid-solution states are unstable with respect to small

inhomogeneities in Li concentration. As a particle takes up Li at a fixed current, Li can rapidly

diffuse to form a two-phase state inside the particle so as to minimize the particle's free energy.

Considering the high diffusivity of Li in LiFePO 4 (D~ 0-- 10~10 cm2/s, from Density Functional

Theory 34 and muon-spin relaxation5 4 respectively), Li diffusion in a 100 nm particle can occur

on time scales as rapid as 1-100 ms, b which is much faster than the typical time required to

lithiate a single particle. At 5 C, for example, (de)lithiation of a single particle occurs in 720 s,

which is much larger than the 1-100 ms time-scales required for phase-separation through Li

diffusion. Even correcting for the fact that not all particles are simultaneously active in the

electrode (a recent experiment has demonstrated that, at a 5 C rate, only ~30 % of the particles

in an electrode are actively taking up Li at a given time1 04), the time required to (de)lithiate a

single particle is still much larger than the time required for phase separation. In summary,

while each particle is expected to initiate (de)lithation through a non-equilibrium solid solution,

it remains surprising that homogeneous solid-solution states could persist at low-to-moderate

C-rates despite their thermodynamic instability.

In this chapter, we propose that the persistence of solid-solution states during the (dis)charge of

LiFePO 4 electrodes at low-to-moderate C-rates is thermodynamic in origin. Using first

principles calculations, we demonstrate that spinodal decomposition from a homogeneous solid

b These values were obtained using Fickian scaling t-r2/D, with the theoretical and

experimental values of D provided above.
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solution through Li diffusion is more likely to lead to the formation of an ac interface, rather

than the elastically favored bc interface. As a result of the high coherency strain energy

associated with a sharp ac interface, we further demonstrate that a driving force exists to form

a large intermediate solid solution region at the interface, whose dimensions are proportional to

the size of the particle (-25%-50% of the particle volume depending on the particle

morphology). Our results not only rationalize the observation of intermediate lattice parameters

at low-to-moderate C-rates in LiFePO 4 electrodes, but also explain the observations of stable

intermediate solid-solution states at an ac interface in single particles quenched from a high-

temperature solid solution.105 ,106

5.2 Methodology

We consider a single (Li)FePO 4 particle which, upon application of an over(under)potential,

initiates Li (de)intercalation through the non-equilibrium solid-solution pathway (Figure

5-1(a)-(i)). Once the Li concentration surpasses the spinodal point, homogeneous solid-solution

states become unstable against infinitesimally small fluctuation in Li concentrations due to the

negative curvature of the solid-solution free energy curve in that concentration range (Figure

5-1(a)-(ii)). Such inhomogeneities are bound to occur during (dis)charge, as concentration

gradients develop at the particle surface due to the applied current. In the presence of such

inhomogeneities, uphill Li diffusion occurs from regions of low Li concentration to regions of

high Li concentration, leading to phase separation (Figure 5-1(a)-(iii)). In practice, the final

state of the particle after spinodal decomposition may not involve a sharp interface but rather a

diffuse interface. The presence of an intermediate solid-solution region at the interface

facilitates the reduction of the coherency strain energy and chemical interfacial energy
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penalties of a sharp interface at the expense of a higher bulk energy (Figure 5-1(b)). The width

of the intermediate solid-solution region at thermodynamic equilibrium depends on the ratio

between the bulk free energy of the solid solution and the coherency and chemical interfacial

energies of the interface orientation that is formed after spinodal decomposition.
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Figure 5-1: (a) Particle initiating lithiation through a non-equilibrium solid-solution pathway
and subsequently relaxing to a two-phase state. (b) The final state after spinodal decomposition
consists in a LiFePO 4 region, a FePO4 region, and potentially and intermediate solid-solution
region (ISSR), with a volume fractiony/sSJR.
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In this chapter, we determine the free energy and topology (i.e. the symmetry of the low energy

Li-Va orderings) of the non-equilibrium solid-solution pathway from first principles. Given the

topology of the non-equilibrium solid-solution pathway and the 1D character of Li diffusion,

we demonstrate that spinodal decomposition from a homogeneous solid-solution state

preferentially leads to the formation of an ac interface, instead of the commonly assumed bc

interface. By combining first principles calculations and continuum elasticity, we further

demonstrate that a large intermediate solid-solution region at an ac interface is

thermodynamically favorable over a sharp ac interface, as it reduces the high coherency strain

energy penalty associated with a sharp ac interface. The following paragraphs present this

approach in more details.

The free energy of the non-equilibrium solid-solution pathway is estimated by finding the

lowest-energy solid-solution configurations that form a topotactic lithiation pathway between

FePO 4 and LiFePO 4. To this end, a large number of Li-Va orderings are calculated within the

Generalized Gradient Approximation (GGA(PBE)+U) to Density Functional theory (DFT), as

implemented in the Vienna Ab Initio Simulation Package (VASP). A self-consistent U value for

Fe of 4.3 is used,62 with an energy cutoff of 520 eV and a k-points mesh density of one k-point

per 0.04 A~'. All calculations are performed in the ferromagnetic state, following previous

studies.107

The driving force to form an intermediate solid-solution region at a LiFePO 4/FePO 4 interface is

calculated using the setup illustrated in Figure 5-1(b). Three regions are defined in the particle:

a LiFePO 4 region, a FePO4 region and a LixFePO 4 solid- intermediate solution region (ISSR)

with volume fraction yjssR. The free energy penalty to form a sharp interface (yISSR = 0) is the

sum of its coherency strain energy and chemical interfacial energy penalties:
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Fsharp boundary = strain boundary + Ay (56)

Where V is the particle volume, e'harp boundary is the volume-averaged coherency strain energyestrain

density in the particle (resulting from a sharp interface), A is the interfacial area and y is the

chemical interfacial energy.

The free energy penalty for the creation of a diffuse interface is the sum of the bulk free energy

of the ISSR, the coherency strain energy resulting from the presence of a diffuse interface and

the gradient energy penalty in the ISSR:

Fdiffuse boundary - VY ISSR solid-solution + Vedue boundary + f kVLi 2 dV (57)

VIss

where yjssR is the volume fraction of the ISSR, fsolidsolu to is the volume-averaged bulk free

energy density in the ISSR, ede boundary is the volume-averaged coherency strain energy

density in the particle resulting from a diffuse boundary, K is the gradient energy coefficient

and VXLi is the concentration gradient in the ISSR. The difference in free energy between a

diffuse interface and a sharp two-phase boundary ( yIssR = 0 ) is obtained by taking the

difference between equation (57) and equation (56) :
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ediffse boundary sharp boundary
Fduse boundary - F'sharp boundary = VYISSR f0solid-solution + V strain ~ strain

Vss ~I A) (58)

The first term represents the bulk free energy penalty to form the ISSR (positive), the second

represents the decrease in coherency strain energy in forming a diffuse interface (negative) and

the third term represents the decrease in chemical interfacial energy in forming a diffuse

interface (negative). The range of yISSR for which Fdiuse boundary - Fsharp boundary is negative

constitutes the range of ISSR volume fraction for which intermediate solid solutions are

thermodynamically favorable over a sharp interface. The equilibrium thermodynamic value of

yISSR (valid in the limit of zero rates) can be evaluated by minimizing equation (58) with respect

to yISSR. This equilibrium value is denoted by YISSR,eq -

Coherency strain energy values for the sharp boundary and diffuse boundary cases are

calculated by numerically solving the equation of continuum elasticity for coherent interfaces

under a traction-free boundary condition (cf Chapter 2). Chemical interfacial energies are

obtained from first principles (cf Chapter 2), and the associated gradient energy penalty term is

calculated from the well-known relation: 108

C 2 Li

fss (59)

where y is the chemical interfacial energy, QL1 is the volume per formula unit and f, is the

average value of the solid-solution free energy (per formula unit) in the xL= [0,1]
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concentration range.

Note that other surface-scaling effects such as the surface energy differences between a sharp

interface and a diffuse interface are ignored. This approximation is justified a posteriori, given

that the identified mechanism for the retention of intermediate solid solutions is a volumetric

effect, which remains at particle sizes where surface effects are small (-200nm).

5.3 Results

Figure 5-2(a) shows the low-energy solid-solution orderings identified using Density

Functional Theory. At each concentration, the lowest energy solid-solution states are comprised

of a periodic arrangement of lithiated and delithiated ac planes, in proportion to the lithium

concentration (for example, at XLi = 0.5, one out of two ac planes is lithiated). In these low-

energy solid-solution states, each b-channel in the particle is partially lithiated, contrarily to the

channel-by-channel lithiation often assumed in the literature.46 49 The maximum energy of

these low-energy states is -6 meV per formula unit (meV/f.u.), in agreement with the 700

J/mol (7 meV/f.u.) solid-solution mixing enthalpy obtained by Dodd et al. via Differential

Scanning Calorimetry.102 The overpotential required to access this solid-solution pathway can

be estimated by taking the derivative dEfornalo,/dxL, at xL, = 0, yielding a zero-rate overpotential

of 25 mV. This overpotential is consistent with. the low -10 mV hysteresis measured in slow

cycling of LiFePO 4 electrodes. 48
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Figure 5-2: Low-energy orderings in the non-equilibrium solid-solution pathway in Li.FePO4,
as determined by Density Functional Theory. (a) The non-equilibrium solid-solution pathway
in LixFePO 4 is governed by the energetics of ac orderings (alternately lithiated/delithiated ac
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planes in proportion to the Li concentration) and is accessible at low overpotentials (~25mV).
(b) In comparison, previously reported bc staging configurations can only be accessed at high
overpotentials (~215mV).

While the low-energy non-equilibrium solid-solution pathway (dominated by ac orderings) has

a low bulk free energy, homogeneous solid-solution states are still thermodynamically

unfavorable over two-phase coexistence in a single particle, even when the coherency strain

energy and chemical interfacial energy penalties are considered. This is true for both a sharp bc

interface (the elastically favorable interface orientation) and a sharp ac interface (which is

observed in quenching experiments of LixFePO 4 solid solutions' 05 ). In the case of a cubic

particle, the volume-averaged coherency strain energy is -1.7 meV/f.u. for the bc interface and

-3 meV/f.u. for the ac interface,1 09 which in both cases is lower than the 6 meV/f.u. bulk free

energy of homogeneous solid-solution states. This is illustrated in Figure 5-3.

The additional contribution of chemical interfacial energy is found to be small in -100 nm

particles. Table 5-1 presents the chemical interfacial energies per unit area (excluding

coherency strain energy) that were calculated using DFT.

Table 5-1 Calculated chemical interfacial energies per unit area

bc interface ac interface ab interface

115 mJ/m2  7 mJ/M 2  95 mJ/m 2

Our calculated values are consistent with the general order of magnitude of coherent chemical

interfacial energies per unit area, which are known to be on the ~100 mJ/m 2 scale'08, with the

exception of Yac which is found to be exceptionally low. The low chemical interfacial penalty
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along the ac plane is however consistent with the low formation energy of ac orderings (~6

meV/f.u. at XLi=0. 5 ), which can be considered to be purely comprised of ac interfaces. By

comparison, the "bc staging" ordering, which is can be considered to be purely comprised of bc

interfaces, has a much higher energy of -70 meV/f.u (Figure 5-2(b); note that the obtained

values are in agreement with previously reported values by Zhu et al 10). Taking into account

the fact that the energy penalty for the ac ordering state is 10 times lower than that for the bc

ordering, and taking into account the fact that the interfacial area per formula unit along the ac

plane is approximately twice that along the bc plane (the lattice parameters approximately

being a=10.4 A, b=6.1 A, c=4.8A for LiFePO 4), a rough estimate indicates that Yac should be

approximately 20 times lower than Ybc. Using this ratio to calculate Yac based on the value of

Ybc , we find that this simple model gives an approximate value of ac=
6 m/ 2, which is very

close to the calculated value. The relative energies of bc and ac microscopic orderings are

therefore consistent with the relative values of the ac and bc chemical interfacial energies per

unit area.

Nevertheless, the additional effect of chemical interfacial energy penalty to the free energy

penalty of phase-separation at typical -100 nm particle sizes is small for any interface

orientation (on the order of 0.5 meV/f.u. for a bc interface and 0.03 meV/f.u. for an ac

interface) and can be neglected in when evaluating the stability of diffuse interfaces over sharp

interfaces.
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Figure 5-3: Comparing the free energy of a homogeneous solid solution with respect to the
free energy of phase-separation to a sharp bc or ac interface at different Li concentrations.
Since the effect of chemical interfacial energy is small for typical ~100 nm particles (0.5
meV/f.u. for a bc interface and 0.03 meV/f.u. for an ac interface), only the contribution of
coherency strain energy to the energy penalty of phase-separation is considered.

In principle, spinodal decomposition can therefore lead to relaxation to either a bc interface or

to an ac interface, with the bc interface being generally thermodynamically favorable by virtue

of its lower coherency strain energy (by ~1.3 meV/f.u.). But while a driving force exists to

form both interface orientations, the topology of the non-equilibrium solid-solution pathway,

coupled with the constraint of 1 D diffusion along the b direction, suggests that relaxation to an

ac interface is much more likely. During the spinodal decomposition process, each region in

the particle must indeed be dominated by local ac orderings in order for the bulk free energy to

continuously decrease across the particle. With Li diffusion largely one-dimensional along the

b direction, the continuous spinodal decomposition process is most likely to lead to the

formation of an ac interface, as illustrated in Figure 5-4(a)-(c). Although the bc interface is the

thermodynamically favorable interface, relaxation to a bc interface requires significant
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diffusion in the a and c directions (Figure 5-4(d)), which is much slower than diffusion in the b

direction (even with 1% Li-Fe antisite defect in the particle, Db is larger than Da and D, by a

factor of 1,00042). Moreover, relaxation to a bc-interface from an ac ordering can only occur at

the expense of an initial increase in bulk free energy, since the symmetry of ac orderings must

be broken locally (from b-channels being partially lithiated to some b-channels being fully

lithiated and others being fully delithiated).

This prediction is consistent with the quenching experiment of Chen et al (Figure 5-5).105 In

this experiment, LiFePO 4 particles are chemically delithiated to Lio.6FePO4, producing a series

of bc interfaces inside the particle (presumably through nucleation and growth, owing to the

high overpotentials induced by chemical reagants' 0 2). After heating to T-200'C, a

homogeneous, thermodynamically favorable solid-solution state is formed within the particle,

through slow-Li diffusion along the a direction. After quenching to room temperature, at which

homogeneous solid-solution states are thermodynamically unfavorable, spinodal

decomposition occurs through Li diffusion in the b direction. This leads to the formation of an

ac interface with a large intermediate solid-solution region at the interface, consisting in one or

more intermediate phases. This intermediate solid-solution region is found to be indefinitely

stable (stability longer than 5 months). The experiment yielded similar results for large ac-

platelet particles (2pm x 200nm x 4[im) and intermediates-sized near-cubic particles (300nm x

200nm x 500nm). Therefore, both our first principles predictions and the quenching

experiment of Chen et al.105 demonstrate that no easily accessible topotactic pathway exists for

a particle to continuously relax from a homogeneous solid solution to a bc interface, despite the

bc interface generally being the thermodynamically favorable interface.1 09

128



(a)

0 O L2.5 0.5 0.75 1

5 0A6 0. .7

(c)

0 0.25 0.5 0.75 1
Xli

Li Diffusion

xU=0.5

a- - 0 D01 5 S

a- 0*- a- .- a- a -

LaFsO octahedron

x,=0.25 xu=0.75

c In

ac Interface

.ggg:g:g:g:g:g5

o~O 0O O~0 O~O - -

-s-s-s-s-s-s-s-s
o~0 ~ o~o e~o -

II
X~=0

(d)

bc Interface L b

0 0 0 0 0 0@ 0 0 0_0 0

Figure 5-4: Orientation of the most likely interface after spinodal decomposition. (a)-(c)
Spinodal decomposition from a homogeneous solid-solution dominated by ac orderings
through ID Li diffusion along the b direction preferentially leads to the formation of an ac
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interface. (d) Spinodal decomposition from a homogeneous solid-solution state to a bc
interface is unlikely, as it requires an initial increase in the local bulk free energy (through the
breaking of local ac orderings), as well as significant diffusion in the a and c directions
(several order of magnitudes lower than in the b direction).

Chemical delithiation Heating Quenching

Li diffusion

/LFeP 4

Li extraction 

FePO 4

a

Figure 5-5: : Illustration of the quenching experiment by Chen et al. 05

An ac interface is therefore most likely to be formed after spinodal decomposition from a solid

solution, and, on average over the entire particle, is thermodynamically favorable over a

homogeneous solid solution. However, further investigations reveal that a diffuse ac interface

with a large intermediate solid solution is thermodynamically favorable over a sharp ac

interface. A closer inspection of the coherency strain energy profile in the particle reveals that,

near the interface, the coherency strain energy is significantly higher than the solid-solution

free energy. This is shown in Figure 5-6. Figure 5-6(a) shows a contour map of the coherency

strain energy density in a cubic particle containing an ac interface (average Li concentration of

XLi = 0.5), and Figure 5-6(b) shows the profile of the coherency strain energy in the particle

interior along the direction perpendicular to the interface. The coherency strain energy at the
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vicinity of the interface is found to be on the order 25 meV/f.u., which is significantly higher

than the ~6 meV/f.u. bulk free energy of the solid solution. (Note that, for an ac interface, the

effect of the chemical interfacial energy is small (0.03 meV/f.u. for a 100 nm particle) and can

be neglected. 109)

(a)

C

b

so

(b)

Solid Solution
2 4 -Sharp intrface (ac)
2D -

26.
12
8
4-

0 0.2 0.4 0.6 0.8
Position in the particle (d)

60.2
51.6

43
34.4
25.8
17.2
8.6

I
1

Figure 5-6: : Comparing the local free energy distribution of a homogeneous solid-solution
state and of a sharp ac interface In both cases, the Li concentration is set to xL, = 0.5 at the
particle level. (a) Contour plot of the coherency strain energy density profile resulting from a
sharp ac interface (b) The local coherency strain energy density at different positions in the
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particle is compared with the non-equilibrium solid-solution free energy (line scan along the b
direction, at 80% of the distance between the particle center and the external bc surface).

Based on these energy scales, introducing an ISSR at the LiFePO 4/FePO 4 interface can

decrease the free energy of the particle by reducing the coherency strain energy in the vicinity

of the interface. This is illustrated quantitatively in Figure 5-7, in which the free energy

resulting from the insertion of an ISSR at the LiFePO 4/FePO 4 interface (normalized by the

particle volume) is plotted with respect to the ISSR volume fraction yisSR. A uniform

concentration gradient in the ISSR is considered (from xL = 1 to xL, = 0). In Figure 5-7(a), the

analysis is made for a cubic particle, while in Figure 5-7(b), the analysis is made for an ac-

platelet particle with an aspect ratio of 2 (La / Lb = L, / Lb = 2, where La, Lb and L, are the

particle dimensions along the a, b and c directions respectively). Such ac-platelet

morphologies, for which the particle dimension along the b direction is smaller than along the

a and c dimensions, are common in the LiFePO 4 literature. 45 ,105 ,111 ,112
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Figure 5-7: Thermodynamic stability of intermediate solid-solution states after spinodal
decomposition to an ac interface. The energy penalty for a sharp interface and for a diffuse
ISSR interface (averaged over the entire particle) are compared, as a function of the volume
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fraction of the ISSR (yjssR), for (a) a cubic particle and (b) an ac-platelet particle (aspect ratios
Lh/La = L/L, = 0.5).

For a cubic particle (Figure 5-7(a)), it is therefore found that ISSR volume fractions as high as

50% are thermodynamically favorable over a sharp interface, with an equilibrium volume

fraction (ylSSR,eq) of 25%. For ac-platelet particles with an aspect ratio of two (Figure 5-7(b)),

the volume fraction of thermodynamically favorable intermediate solid-solution states is larger

than in the cubic particle, due to the larger coherency-strain energy at the interface.109" 13 For

such particles, an ISSR volume fraction of up to ~75% of the particle volume is favorable over

a sharp ac interface, with an equilibrium volume fraction ofYISSR,eq = 50%.

Note that particle morphology has a direct impact on the coherency strain energy penalty

resulting from the presence of an interface. It is a known fact that the coherency strain energy

penalty increases as the dimensions of the particle parallel to the interface increase relative to

the dimensions perpendicular to the interface. The volume-averaged coherency strain energy

density associated with an ac interface increases as the Lb/ La ratio is decreased, because the

dimension perpendicular to the interface (Lb) is reduced with respect to the dimensions parallel

to the interface (La and L,). The opposite applies for the bc interface, for which the dimension

perpendicular to the interface (La and Lc, respectively) decreases with respect to one of the

dimensions parallel to the interface (Lb) . Based on these considerations, is therefore expected

that ac-platelet particles have a larger intermediate solid solution volume fraction yISSR than

cubic particles.

It is important to note that, at a given particle morphology, coherency strain energy scales as

the volume of the particle. Because the thermodynamic stability of intermediate solid solutions
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originates from a reduction in coherency strain energy, the equilibrium volumefraction of the

ISSR is independent of the particle size for a given particle morphology. For example, with

YISSR,eq being -25% for a cubic particle, a 50 nm cubic particle is predicted to have a 12.5-nm-

thick ISSR at thermodynamic equilibrium while a 100 nm cubic particle is predicted to have a

25-nm-thick ISSR at thermodynamic equilibrium. The ISSR volume fraction and thickness

increase for platelet particles with larger (010) faces, which are common in the LiFePO 4

literature.

Our results therefore indicate that, while spinodal decomposition from a homogeneous solid

solution can rapidly occur at the particle surface due to fast Li diffusion, it is more likely to

lead to a diffuse ac interface with an intermediate solid-solution region occupying a large

fraction of the particle volume (-25-50% for the particle morphologies illustrated in Figure

5-7). Moreover, this volume fraction is independent of the particle size at a given particle

morphology. This result explains not only the persistence of intermediate solid-solution states

at an ac interface after quenching of homogeneous solid solutions, but also the observation of

intermediate lattice parameters during in situ XRD (dis)charging experiments at low-to-

moderate C-rates.
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5.4 Discussion

An important consequence of our study is that there exists a thermodynamic origin to the

persistence of large intermediate solid solutions region during (de)lithiation. Even in the limit

of zero-rates, particle-by-particle lithiation48 is predicted to occur through the non-equilibrium

solid-solution pathway, followed by spinodal decomposition to a two-phase state with a large

intermediate solid-solution region. In agreement with this finding, in situ TEM experiments

have observed intermediate solid-solution states at rates as low as 5 C, and a recent in situ

XRD experiment has observed intermediate solid solution states at rates as low as 0.1 C (-20%

of the particle volume).s 3 The fact that intermediate lattice parameters are generally not

observed at very low C-rates by experimental methods relying on electrode-level

measurements can be ascribed to the multi-particle behavior of LiFePO 4.1 14,115 In the low-rate

limit, particles transform sequentially while at high rates, they transform in parallel. High rates

allow more particles to transform simultaneously, producing sufficiently large intensity in

diffraction peaks at intermediate lattice parameters.

While some in situ XRD experiments have identified a continuum spectrum of intermediate

lattice parameters in the electrode,5 2 others have measured discrete peaks that have been

attributed to one or several discrete intermediate phases.5 0 In agreement with the latter

observation, our calculations predict that large intermediate solid solution regions made of

discrete intermediate phases are also thermodynamically favorable over a sharp interface. An

ISSR containing a single intermediate phase at xL, = 0.5, for example, has an equilibrium ISSR
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volume fraction of YISSR,eq = 10% (cubic particle). This percentage rises to 25% for the ac-

platelet particle illustrated in Figure 5-7(b). In general, however, having multiple intermediate

phases in the ISSR is energetically favorable over a single intermediate phase, as it further

reduces both the coherency strain energy in the particle and the bulk free energy penalty of the

ISSR (as phases closer in concentration to the equilibrium phases have a lower bulk free

energy).

Intermediate lattice parameters are typically measured in nano-sized particles and not in

micron-sized particles. 116 Because an ISSR reduces the high coherency strain energy resulting

from a sharp interface, and because coherency strain energy scales with particle volume, the

formation of an ISSR is thermodynamically favorable over a sharp coherent interfaces at all

particle sizes. In large particles, however, formation of a semicoherent interface, where the

lattice misfit is accommodated to some degree by interfacial dislocations, is even more

favorable. A semicoherent interface reduces the coherency strain energy penalty (which scales

as the particle volume) at the expense of a higher chemical interfacial energy (which scales as

the interfacial area), through the formation of misfit dislocations. This process is favorable in

large particles due to their small interfacial-area-to-volume ratios. Supporting the hypothesis

that the formation of misfit dislocations is responsible for the lack of ISSR in large particles,

the propagation of a semi-incoherent ac interface with a large density of dislocations was

observed during an in situ lithiation experiment of micron-sized FePO 4 particles. 117 Rate

capabilities were found to be low (1 C rate at a ~400 mV overpotential), indicating that the

presence of interfacial dislocations significantly affects interfacial mobility.

Overall, the existence of a low-energy non-equilibrium solid-solution pathway in LiFePO 4 has

multiple benefits. First, the existence of a non-equilibrium low-energy solid-solution pathway
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allows particles to initiate (de)lithiation at low overpotentials, increasing rate capabilities with

respect to systems undergoing nucleation and growth. Moreover, after spinodal decomposition,

the presence of a thermodynamically favorable ISSR at the interface leads to a decrease in

coherency strain energy. This in turn reduces mechanical damage upon cycling and improves

cyclability. Finally, the presence of an ISSR decreases the driving force to form a semicoherent

interface, thus enhancing cyclability and rate capabilities.

It is important to note that our model operated under the assumption that (de)lithiation is

always initiated by the low-energy non-equilibrium solid-solution pathway, which is dominated

by low-energy ac orderings and accessible at low overpotentials. However, when higher

overpotentials are applied, more lithiation pathways may become available. Nucleation and

growth, for example, can occur in the large overpotential limit. This is the case during chemical

delithiation, where large applied overpotentials (-1.5V' 02) can lead to nucleation and

subsequent formation of the elastically favorable sharp bc interface. Given the low coherency

strain energy at a sharp bc interface, the formation of an intermediate solid-solution region is

largely dominated by the chemical interfacial energy. Using the well-known relation

6 = K I fs 108 (where 6 is the interfacial width, fs is the average solid-solution free energy

in the xL = [0,1] range and K is the gradient energy coefficient of the bc interface' 09), the size

of the intermediate solid-solution region is found to be ~10 nm regardless of the particle size.

This prediction is consistent with ex situ observations of chemically delithiated particles 45,112

and further confirms that the formation of a bc interface is not the dominant mechanism during

electrochemical delithiation of nanoparticles. The ~10nm ISSR associated with the formation

of a bc interface is indeed inconsistent with in situ XRD measurements on ~1 86nm particles,

where the solid solution region was found to be on the order of the particle size.5 2
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High-energy solid-solution pathways, different from the low energy ac orderings reported in

this chapter, can also be accessed if the applied overpotential is large enough. The

experimentally observed "bc staging" ordering, 118-121 which consists of a solid solution of

alternately lithiated bc planes, is one such example. Staging configurations were observed in ex

situ conditions in the form of a small -2 nm ISSR119 or uniformly throughout nanoparticles or

micron-sized nanowires.1 20 DFT calculations demonstrate that the energy required to access

the bc staging pathway is significantly higher than the energy required to access the ac

ordering pathway (70 meV/f.u [in agreement with the values found by Sun et al. 121], instead of

6 meV/f.u at XL, = 0.5). The overpotential to access the bc-staging pathway, which can be

calculated from dEfomato,/dxLi at dilute staging concentrations, is also significantly higher

(-215 mV instead of -25 mV, as shown in Figure 5-2(b)). The bc-staging pathway therefore

cannot account for the high-rate capability of LiFePO 4, which is defined as the ability to

achieve high currents at low overpotentials, but could become competitive with the low energy

ac solid-solution pathway at large overpotentials. Once a uniform bc staging configuration is

formed in a particle, it is likely to remain metastable, as relaxation from a bc staging requires

significant Li diffusion in the slow-diffusing a direction. This may explain observations of

uniform bc staging throughout nanoparticles and micron-sized nanowires. 120

Figure 5-8 summarizes the above considerations by qualitatively illustrating the range of

possible lithiation mechanisms in LiFePO 4 particles as a function of the particle size and

applied overpotential. At low overpotentials, both small and large particles initiate lithiation via

the non-equilibrium solid solution pathway, dominated by low energy ac orderings. Spinodal

decomposition in small particles preferentially leads to the formation of a diffuse ac interface,

while it leads to the formation of a semicoherent interface in large particles. At high
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overpotentials, small particles can access higher energy orderings in the solid solution (such as

the bc staging configuration). The higher rates induced by these high overpotentials also lead to

a higher retention of the solid solution. In large particles, higher overpotentials open up the

nucleation and growth pathway (due to the large number of nucleation sites), in addition to the

spinodal decomposition pathway. Both mechanisms, however, lead to low rates due to poor Li

diffusivity in large particles, through the presence of channel-blocking anti-site defects 42 and

the formation of semicoherent interfaces.

High overpote

Low overpote

Overpotential

High rates Low rates

gher energy ordertngsSolid solution + Spinodal decompostion
(semicoherent interface)

ntial or

Nucleation and growth
semicoherent interfac

Low rates Low rates

ntial olid solution + Spinodal decompostion Solid solution + Spinodal decompostion
(diffuse ac interface) (semicoherent interface)

Particle size
Small particles Large Particles

Figure 5-8: Qualitative map of the lithiation mechanism in LiFeO 4 single particles as a
function of particle size and applied overpotential. Note that this map applies to the particles
that are actively transforming in the electrode.
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5.5 Conclusion

In this chapter, we resolved the apparent paradox between the high Li diffusivity in LiFePO 4

and the persistence of thermodynamically unstable solid-solution states during (dis)charge at

low to moderate C-rates. Using a combination of first principles calculations and continuum

elasticity, we demonstrated that, even under rate conditions such that relaxation to a two-phase

state is kinetically possible, the thermodynamically favorable state in a single particle is not a

sharp interface but rather a diffuse interface with an intermediate solid-solution region that

occupies a significant fraction of the particle volume. Our results not only explain the

persistence of solid-solution regions at low to moderate C-rates in LiFePO 4 electrodes, but also

explain the observations of stable intermediate solid-solution states at an ac interface in single

particles quenched from a solid solution.

141



Conclusions

In order to accelerate the electrification of the automotive fleet, the energy density and power

density of current Li-ion batteries must be improved. The cathode, which is currently

commercially dominated layered transition metal oxides, is an important performance limiting-

factor in Li-ion batteries. In this thesis, we developed critical insights on two important classes

of materials that respectively aim at improving the energy density and power density of Li-ion

battery cathodes, namely high-capacity Li-excess cation-disordered rocksalts and high-rate

LiFePO 4 olivine.

In Chapter 3 and 4, we used first principles calculations to establish the first voltage-based

design rules for high-capacity cation-disordered rocksalts. In Chapter 3, we studied the effect

of cation disorder on the average voltage of transition metal oxides, which controls the total

energy density in these compounds. We demonstrated that, depending on the transition metal

species, cation disorder can result in an increase or a reduction of the average Li intercalation

voltage. Transition metals that have a higher disordering energy in the MO 2 limit display larger

average voltages than their ordered ground-states, while transition metals that have a higher

disordering energy in the LiMO 2 limit display a lower voltage than their ordered ground-state.

Furthermore, cation disorder was shown to significantly alter the average voltage of certain

lithium transition metal oxides and therefore lead to significant changes in their voltage

operating windows. In particular, the disordered Ni3 +'4+ redox was found to be high (-4.4V),

suggesting that it is likely to be preceded by oxygen activity in disordered compounds. Finally,

we showed that compounds that disorder in situ during delithiation have a lower voltage in

their disordered form, while compounds that disorder in situ during lithiation have a higher
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voltage in their disordered form.

In Chapter 4, we developed a model based on first principles to understand the effect of cation

disorder on the voltage slope of cation disordered rocksalts, which controls the total capacity

available below the stability limit of the electrolyte. The voltage slope was shown to be

controlled by three factors: the site energy distribution (Li-M interactions), the effective Li-Va

interaction and Li insertion in high-voltage tetrahedral sites. Our study demonstrated that high-

voltage transition metals generally have a lower voltage slope than low-voltage transition

metals and that octahedral Li insertion in high-voltage compounds leads to minimum capacity

above the electrolyte stability limit (with the exception of LiNiO 2, which has a high disordered

average voltage). Tetrahedral Li insertion however, was shown to lead to ~25% inaccessible

capacity in fully disordered (i.e. random) LiMO 2. Furthermore, our study highlighted the fact

that, in practical disordered compounds, important factors contribute in reducing the voltage

slope with respect to the random LiMO 2 limit. Short-range order mitigates the voltage slope

increase by reducing the amount of local environments around Li sites, as well as by

decreasing the availability of tetrahedral sites. Furthermore, the amount of octahedral capacity

lost upon disorder decreases with the introduction of Li-excess, which is a necessary

requirement for macroscopic Li diffusion in disordered rocksalts.

Chapter 3 and 4 therefore constitute the first comprehensive ab initio investigation of the effect

of cation disorder on the voltage profile of lithium transition metal oxides.

In Chapter 5, we used first principles calculations to gain a deeper understanding of the

fundamental lithiation mechanisms of phase-separating nano-LiFePO 4 olivine, an important

high-power cathode material for Li-ion batteries. We resolved the apparent paradox between
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the high Li diffusivity in LiFePO 4 and the persistence of thermodynamically unstable solid-

solution states during (dis)charge at low to moderate C-rates. Using a combination of first

principles calculations and continuum elasticity, we demonstrated that, even under rate

conditions such that relaxation to a two-phase state is kinetically possible, the

thermodynamically favorable state in a single particle is not a sharp interface but rather a

diffuse interface with an intermediate solid-solution region that occupies a significant fraction

of the particle volume. Our results not only explain the persistence of solid-solution regions at

low to moderate C-rates in LiFePO 4 electrodes, but also explain the observations of stable

intermediate solid-solution states at an ac interface in single particles quenched from a solid

solution.

This thesis therefore provides new and critical understanding on important high-energy and

high-power alternatives to traditional layered transition metal oxide cathodes for Li-ion

batteries. Such insights can be leveraged as part of a broader strategy to facilitate the design

and optimization of next-generation Li-ion battery cathodes.
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